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ABSTRACT 
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The interfacial shear behavior and its influence on fiber damage in sapphire- 
reinforced TiAl composites was investigated using a combination of microscopic 
characterization, indentation crack growth results, fiber pushout testing, fiber displacement 
measurements, and computational analyses. Two inter-related phenomena were studied: 
(1) residual stresses and resulting damage within fibers intersecting a free surface and (2) 
fiber/matrix interfacial strength behavior. In the first aspect of this study, experimental 
observations, finite element analysis, as well as analytical computations were all used to 
analyze the evolution of fiber damage that was observed in fibers intersecting a free surface 
in sapphire-reinforced Ti-48A1-1 V composites. Experimental observations indicate that, 
under certain conditions, surface cracks introduced during specimen preparation will 
propagate along the fiber axis due to thermally-induced residual stresses. Finite element 
computations predict that significant thermally-induced residual tensile stresses exist in 
sapphire fibers embedded within TiAl-based matrices when they intersect and are oriented 
normal to a free surface. Indentation crack growth behavior within the sapphire fibers 
provided experimental validation of the predicted stress state. Finally, the application of an 
exact elastic analysis indicates that tensile stresses also exist within fibers oriented parallel 
to and near a free surface. The results suggest that ductile fiber coatings or a decreased 
interfacial shear strength can decrease the thermally-induced tensile stresses and reduce or 
eliminate fiber damage. 

The interfacial shear behavior was examined using thin-slice fiber pushout testing. 
The results indicate that the average interfacial shear strength of the Ta-coated sapphire/Ti- 
48A1-1V system (336 ± 11 MPa) is nearly twice the magnitude of that measured in 
sapphire/Ti-48Al-2Cr-2Nb (170 ± 22 MPa). A significant observation is that both systems 
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show that interfacial failure initiates on the specimen's backface, opposite the indenter. The 
results, when combined with those wherein specimen bending was eliminated, suggest that 
the criterion for interfacial shear is based on a critical value of the shear stress at the 
interface. Fiber pushout and reverse push-back test results show that matrix plasticity 
plays a dominant role in the "frictional" sliding resistance of debonded fibers and interface 
wear. In all cases, experimental observations could only be understood through careful 
attention to the associated mechanics of fiber pushout testing. 
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"Trust in the Lord with all your heart, and do not lean on your own understanding. In all 
your ways acknowledge Him, and He will make your paths straight," 

Proverbs 3: 5-6 (New American Standard Bible) 


Chapter 1 
INTRODUCTION 


Over the last several years, the combined efforts of researchers from government, 
industry, and academia have focused on the development of high temperature engine and 
structural materials for the next generation of military and civil aircraft [1-4]. Materials for 
these applications must possess high strength, stiffness, creep resistance, and oxidation 
resistance at elevated temperatures without the weight penalties of most currently available 
high temperature materials (e.g., nickel-based superalloys). They must also maintain 
adequate fracture toughness and strength at room temperature. As a result, a great deal of 
interest has been generated in intermetallic matrix composites (IMCs). Sapphire fiber- 
reinforced gamma titanium aluminide (TiAl) IMCs offer great technological potential for 
high temperature applications due to their high specific strength and stiffness. However, 
one of the major drawbacks associated with these materials is their lack of damage tolerance 
[4-5]. 

The interfacial bond between the fibers and the matrix is an important factor 
influencing the mechanical properties, performance, and failure modes of a composite [6]. 
It is generally accepted that the shear strength of this bond dictates the composite's 
longitudinal strength creep behavior, and fracture toughness under conditions where the 
crack plane is normal to the fiber direction. In addition, this investigation demonstrates that 
the magnitude of thermally-induced residual stresses and resulting damage within fibers 
intersecting a free surface are also a sensitive function of the interfacial shear strength. A 
weak interfacial shear strength in limited-ductility matrix composites (i.e., IMCs) results in 
improved fracture toughness and little or no damage within fibers intersecting a free 
surface. On the other hand, to obtain significant composite strength at room temperature 
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and creep strength at elevated temperatures, a strong fiber/matrix bond is required. These 
two extremes suggest that an optimum interfacial shear strength exists that improves 
damage tolerance at low temperatures while maintaining adequate strength. 

As a result of a strong interfacial shear strength in sapphire-reinforced TiAl 
composites [7-10], fiber damage and low fracture toughness are a commonly reported 
problem [8,11-15]. Therefore, the interfacial shear strength must be reduced to improve 
the damage tolerance in these materials. To obtain an optimum shear strength, the chemical 
interaction and mechanical interlocking between the fibers and the matrix must be controlled 
(e.g., through the use of fiber coatings). To determine the success of these controls, it is 
important that experimental techniques are developed for measuring interfacial shear 
strength and that their results are correctly analyzed. Therefore, the purpose of this 
research program is to establish a fundamental understanding of: (1) fiber/matrix interfacial 
shear behavior within sapphire-reinforced TiAl composites and (2) the influence of the 
interfacial strength on the development of residual stresses and resulting damage within 
fibers intersecting a free surface. This was accomplished by using a combination of 
microscopic characterization, indentation crack growth results, thin-slice fiber pushout 
testing, fiber displacement measurements, and computational stress state analysis. 

This thesis research is presented in four chapters. Chapter 2 reviews previous 
studies that have addressed the problem of sapphire fiber damage, the thermoelastic 
residual stresses in IMCs, the importance of the fiber/matrix interfacial shear strength, the 
factors that influence the interfacial shear strength in IMCs, and the mechanics of the thin- 
slice fiber pushout test. Chapter 2 concludes with a section describing the purpose of this 
study. The experimental procedures used in this investigation, including specimen 
fabrication, microscopic characterization, assessment of fiber damage, validation of the 
FEM predicted stress states, fiber pushout testing, and fiber displacement measurements. 
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are presented in Chapter 3. In Chapter 4, the specific results of this investigation are 
presented and discussed. These results are grouped into three major sections: (1) interface 
microscopic characterization, (2) damage within fibers intersecting a free surface, and (3) 
fiber/matrix interfacial shear behavior. The results and conclusions are summarized in 
Chapter 5. 
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Chapter 2 

LITERATURE SURVEY 


2.1. Background 

Titanium aluminide alloys and composites have been identified as candidate high 
temperature structural materials for a new generation of military and civil aircraft [1-4]. 
Current research programs are aggressively pursuing the development and applications of 
TijAl-based (designated oq) as well as conducting initial assessments of TiAl-based 

(designated y) intermetallic matrix composites (IMCs) for components requiring higher 
temperature capability [5]. Unfortunately, unreinforced TiAl suffers from poor ductility, 
impact resistance, and fracture toughness at low-to-intermediate temperatures. It may be 
possible to minimize these last two shortcomings by using TiAl-based alloys as the matrix 
constituent in a fiber-reinforced composite. Efforts to produce both T^Al IMCs 

(reinforced with silicon carbide fibers) and TiAl IMCs (reinforced with either silicon 
carbide v sapphire fibers) have revealed problems related to the poor matrix ductility, a 
large coefficient of thermal expansion (CTE) mismatch between constituents, and 
fiber/matrix interactions [16-20]. To alleviate these problems, several studies have been 
initiated on using fiber coatings to tailor the fiber/matrix intertacial region [5,7,20-24]. 
The TiAl intermetallic phase has the Llo ordered face-centered tetragonal structure 

and a composition that can range from 48.5 to 66 atomic % aluminum (Al), depending 
upon the temperature [25]. Gamma-TiAl alloys consist of titanium, 46-52 atomic % Al, 
and 1-10 atomic % M, where M is at least one element from the group V, Cr, Mn, W, Mo, 
Nb, and Ta. Gamma alloys can be divided into single phase (y) and two-phase (y+a 2 ) 

alloys [26], The highest plasticities are observed in duplex (i.e., two-phase) alloys 
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containing 48 atomic % A1 that have microstructures based on both primary y and 
transformed y/a.2 lamellar grains [27]. The compositions recommended from early alloy 

development programs (i.e., Ti-48A1 and Ti-48Al-lV) exhibited room-temperature ductility 
of 2 %, fracture toughness of 12 MPafin)^ and good creep and oxidation resistance. 
More recently, several important alloys such as Ti-48Al-2Nb-2M (where M is Cr, Mn, or 
V) have been identified that offer improved room temperature ductility and fracture 
toughness [25]. Some typical room temperature properties of TiAl-based alloys are given 
in Table 1. 

The leading fiber reinforcement for high temperature IMCs probably is single¬ 
crystal sapphire (i.e., (X-AI 2 O 3 ). Sapphire possesses a rhombohedral (pseudo-hexagonal) 

structure (i.e., R3C space group). Single-crystal fibers are fabricated by an edge-defined, 
film-fed growth process such that the crystal c-axis is nearly parallel to the fiber axis [29], 


Table 1. Typical room temperature properties of gamma titanium aluminide alloys and 
single-crystal sapphire. 


Property 

TiAl-based alloys 

Sapphire 

Coefficient of thermal 
expansion (0-1000 °C) 

13.0x10*6 “C * 1 [9] 

9.0x10*6 °C'l (c-axis) [30] 
8.3x10*6 oc'l (transverse) 

Density (gm/crn^) 

3.7 - 3.9 [26] 

4.0 [31] 

Elastic modulus (GPa) 

160-176 [26] 

350 -450 [31, 32] 

Poisson's ratio 

0.3 [28] 

0.28 -0.33 [32] 

Yield strength (MPa) 

400 -630 [26] 

_ 

Tensile strength (MPa) 

450 -700 [26] 

2100 -3400 [31] 

Fracture toughness 

(MPa-ml/2) 

7.7 -30 [25, 26] 

1.1 -2.5 [33, 34] 
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Fibers in various diameters are commercially available from Saphikon, Inc. These 
continuous, ceramic oxide fibers have useful high temperature properties such as high 
melting point, high stiffness, high strength, creep resistance, and environmental resistance. 
Some typical room temperature properties of sapphire are given in Table 1. However, due 
to their relatively low fracture toughness, sapphire fibers are sensitive to surface damage 
resulting in strength degradation. Tressler and Crane [35] noted that composite fabrication 
can significantly reduce the strength of sapphire fibers (e.g., strength reductions by as 
much as 45%) through: (1) self-abrasion during handling and/or (2) surface roughening 
due to chemical interaction with the matrix during consolidation. 

2.2. Damage to Sapphire Fibers in Metal and Intermetallic Matrix Composites 

In the mid-1960's and early 70's, considerable interest developed in the use of 
single-crystal sapphire fibers for reinforcements in medium and high temperature metal 
matrix composites (MMCs). In studies of these systems, a disturbing amount of damage 
was observed in the form of extensive twinning and cleavage fracture in fibers extracted 
from the as-fabricated composites, in addition to significant loss of fiber strength [35-37]. 
In fact, Calow and Moore [36], in their study of the sapphire/Ni system, found such a 
disheartening amount of degradation of mechanical properties and gross fiber fracture that 
they concluded that the successful reinforcement of metals by ceramic fibers for high 
temperature use was impossible. Tressler and Crane [35] performed experiments to 
determine the cause of extensive fracture of Tyco sapphire fibers in a Ti-6A1-4V matrix 
during composite fabrication by diffusion bonding (i.e., vacuum hot pressing). They 
found regularly spaced characteristic fracture planes that made a 34° angle to the fiber axis 
in fibers mechanically as well as chemically extracted from the matrix. These fracture 
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surfaces were identified as jlO 11} rhombohedral planes 3 . In a further experiment with 

boron nitride-coated Ti-6A1-4V metal foils pressed with sapphire fibers, no fiber/matrix 
bonding occurred. However, the same fiber fracture pattern prevailed. Therefore, they 
concluded that the compressive consolidation load applied during hot pressing was 
responsible for fiber fracture [35]. 

A similar pattern of fiber damage was found in high volume fraction 
sapphire/nichrome (i.e., 80Ni-20Cr) composites by Mehan and Harris [37]. Following 
composite fabrication via hot pressing they examined the as-consolidated fibers by partially 
removing the matrix by chemical leaching. They found extensive fiber fracture in the form 
of cleavage and longitudinal splitting. The fracture appearance of the longitudinally split 
fibers appeared "conchoidal" in nature, and, although the angular features of the fracture 
surface coincided with orientations that resembled the prismatic planes, they were not 
considered crystallographic in nature. Rather, they speculated that fiber splitting occurred 
during hot pressing in regions of the fibers containing defects introduced during fiber 
production [37]. 

It is noteworthy to mention at this point that, during the edge-defined, film-fed 
growth of c-axis sapphire fibers, shrinkage voids 1 pm in diameter form within the fibers 
due to liquid entrapment behind the advancing solid interface. These voids assume nearly 
conical arrays that lie along the rhombohedral planes in sapphire [38], Furthermore, 

Mehan and Harris [37] concluded that fiber fracture occurred during the hot pressing 
operation due to a multiaxial stress state, which included axial tensile stresses and local 
contact stresses. However, following a series of experiments conducted to optimize hot 
pressing parameters, fiber fracture still occurred. Although they noted that thermally- 
induced residual stresses due to the CTE mismatch between constituents could contribute to 

3 Indices used here refer to the morphological hexagonal unit cell of AI 2 O 3 . 
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the damage, they concluded that these stresses could not be entirely responsible for fiber 
fracture [37]. 

In recent studies of sapphire-reinforced IMCs, several researchers have also noted 
damage in fibers following consolidation in composites. In the sapphire/NiAl system, 
Eldridge [39] observed that sapphire fibers in thin-slice fiber pushout specimens were 
cracked following specimen preparation when the composite fabrication method produced a 
strong fiber/matrix bond. However, specimens fabricated to produce little or no bonding 
contained only uncracked fibers. Misra [40] has also found consistent fiber cracking in 
single fiber experiments in which a sapphire fiber was hot pressed between two NiAl 
plates. In recent studies of the sapphire/TiAl system, a number of researchers noted that 
fibers were routinely split along their axis [11-15]. In an attempt to account for this type of 
fiber cracking, several explanations were proposed: (1) fiber cracking is caused by the 
combined states of stress induced in the fiber during hot pressing [11, 12, 14]; (2) the 
thermally-induced residual stresses in the fiber result in fiber fracture [15]; and (3) fiber 
cracking is initiated during cross-sectioning of the composite (e.g., with a high-speed saw) 
[12]. However, no substantial evidence or analysis was given to prove or disprove these 
explanations. 

2.3. Residual Stress and Resulting Microdamage 

Due to their differences in CTE, the sapphire fibers (cxc-axis = 9.0x10 ^ °C*1, 
a transverse = 8.3xl0'6 °C‘l [30]) and TiAl matrix (a = 13.0x10*6 °C*1 [9]) will contract 
different amounts during cooling from the fabrication temperature. Uninhibited 
contraction, however, is not possible because the components are bonded at the interface. 
Hence, a state of triaxial residual stress will remain within the components at room 
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temperature as depicted qualitatively in Figure 1. Note that due to the cylindrical symmetry 
of the fiber/matrix system, the displacements, strains, and stresses can be conveniently 
expressed in cylindrical polar coordinates. 

In addition to the possible contribution of thermally-induced residual stress to fiber 
damage as already mentioned, they may also lead to detrimental effects in the fiber/matrix 
interfacial region within a composite. For example, several studies of SiC-reinforced 
titanium aluminides have shown that the low ductilities and fracture toughness of the 
composites are a consequence of brittle fiber/matrix reaction products and subsequent crack 
formation resulting from residual stress relaxation 15 [21,41,42], Wawner and Gundel [43] 
found cracks in the matrix in the interfacial region of an as-fabricated sapphire/Ti-14Al- 
21Nb composite. They attributed this to the presence of extensive fiber/matrix reaction and 
a large |3-depleted zone. However, no similar evidence of interface cracks have been 
observed in sapphire/TiAl systems. 

Due to the size of the sapphire and SiC fibers (=125 to 175 pm in diameter) used in 
IMCs and the scale of the localized residual stresses within the constituents, direct 
experimental verification of the predicted residual stress distributions by conventional 
methods is extremely difficult at best. A number of researchers [44-46] have attempted to 
measure residual stress distributions in the matrix by x-ray diffraction techniques. Cox et 
al. [44] determined the compressive residual stresses in SiC fibers embedded in a Ti 3 Al 

matrix from measurements of the change in their length when the matrix was entirely 
removed by etching. 


b Thermally-induced stresses can be relieved by plastic deformation or fracture of the 
matrix and/or reaction products in the interfacial region [22-24,28] at temperatures 
below which creep effects are considered to cease and significant stress levels build, 
i.e., below the "stress-free temperature" [24], 
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2.4. Use of Fiber Coatings 

In an attempt to reduce the high residual stresses in the interfacial region and 
accompanying microdamage in the fibers and matrix of IMCs, there is an increasing interest 
in the use of fiber coatings. Coatings may also serve as diffusion barriers to interdiffusion 
of matrix and fiber elements and thus prevent: (1) the formation of undesirable 
intermediate, brittle phases and (2) fiber strength degradation due to roughening of the fiber 
surface during composite processing and subsequent elevated temperature exposure. If the 
coating is soft and ductile, it may also provide: (1) a shearable layer between the fibers and 
the matrix during fiber pullout and/or (2) a crack-blunting layer by arresting cracks that 
initiate when fibers fail, thus preventing the crack from rapid propagation through the 
matrix [47]. Of special interest to this program is the role of coatings in modifying 
interfacial strength behavior. This will be discussed in more detail in sections 2.5.3 and 

2.5.4. 

The concept of "compliant" and "compensating" fiber coatings has been proposed 
by several researchers as a means of reducing or eliminating the initiation of cracks in the 
fiber/matrix interfacial region [20-24,40, 48,49J. A "compliant" layer is a coating that 
will increase or maintain ductility at the fiber/matrix interface, but not necessarily reduce the 
thermally-induced residual stresses. This is accomplished by the coating: (1) having a 
greater ductility than that of the matrix (e.g., a Nb fiber coating), (2) diffusing into the 
matrix to stabilize a more ductile matrix phase at the fiber/matrix interlace (e.g., a Nb fiber 
coating could stabilize the (3-Ti phase in a T^Al matrix), and/or (3) acting as a diffusion 

barrier that reduces or eliminates the formation of brittle reaction products [24,43], In 
separate experimental studies, it has been verified that compliant fiber coatings of Nb [49] 
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and W [43] in the SiC/T^Al system and W [21] and duplex Ag-Ta [20] in the SiC/TiAl 
system eliminate radial matrix cracks that commonly occurred near the interface. 

A "compensating" fiber coating, on the other hand, not only will act as a compliant 
layer but also will reduce the residual stresses in the interfacial region [24], In their 
investigation of the SiC/T^Al+Nb system, Arnold et al. [23] identified the important 

properties of a compensating fiber coating via a parametric study using a three-dimensional, 
thermoelastic-plastic finite element model (FEM). Computational predictions from their 
study indicated that CTE and thickness are the most important coating parameters. Other 
important mechanical properties are yield stress, strain-hardening response, and elastic 
modulus. A representative compensating interface layer for the SiC/T^Al+Nb composite 

system was a duplex Cu-Nb fiber coating [24,49]. 

2.5. Interfacial Shear Strength 

The interfacial bond is an important factor influencing the mechanical properties, 
performance, and failure modes in composites [6]. The properties of a composite can be 
divided into those controlled principally by the tensile strength of the interfacial bond (Oj) 
and those governed by the interfacial shear strength (xj) [50]. It is generally accepted that 
the interfacial shear strength dictates the composite's longitudinal strength, creep behavior, 
and fracture toughness under conditions where the crack plane is normal to the fiber 
direction and fiber pullout occurs [6,47, 51-57], 

In order to design an optimum fiber/matrix interfacial bond in TiAl-based IMCs 
(e.g., through proper processing or the use of fiber coatings), it is necessary to understand 
the manner in which they fail. Since the strain-to-failure of the fiber is less than that of the 
matrix in IMCs (e.g., sapphire-reinforced TiAl), multiple cracking of the fibers can be 
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expected to precede complete failure of the composite [51]. Fiber cracks will subsequently 
develop into matrix cracks. 

The failure behavior of IMCs (i.e., see Figure 2 [47]) can be classified as either: 

(1) catastrophic (i.e., linear stress-strain behavior, high strength, but little toughness) or (2) 
non-catastrophic (i.e., non-linear stress strain behavior, lower strength, but higher 
toughness). The behavior that occurs in a given fiber/matrix system is determined by the 
manner in which the applied load is transferred from the matrix to the fibers (which 
contribute the greater portion of the composite strength [6]) via the interfacial shear 
strength. In the case of IMCs, where fiber fracture precedes composite failure, the applied 
load is transferred to a broken fiber through the fiber's end and the cylindrical surface of 
the fiber near the broken end. The stress in the fiber increases from zero at its end to 
(afracture)f’ the fiber fracture stress, at a distance \J2 from its end. The critical fiber 
length (l c ) is the minimum length in which the fiber fracture stress can be achieved and is 
inversely dependent on the fiber/matrix interfacial shear strength (Tj) [52]: 

, (1) 

where Rf is the fiber’s radius. The applied stress on the composite will continue to 
increase as the fibers break into shorter and shorter lengths until they reach the critical 
length (assuming that matrix cracks do not initiate at the stress concentrations produced by 
fiber fractures). Thus, a high interfacial shear strength promotes a short critical length and, 
as a result, yields a high macroscopic, longitudinal composite strength [53] (see Figure 2b 
[47]). 
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Fracture toughness of a composite, on the other hand, benefits from a lower 
interfacial shear strength. This is demonstrated by expressing the fracture toughness of a 
composite in terms of a critical strain energy release rate for the onset of mode I crack 
growth, Gi c . It can be formulated as the sum of the macroscopic fracture toughness of an 
anisotropic, but homogeneous, body with the composite properties ((Gi) macr0 ) and the 
energy absorbing mechanisms of matrix plastic deformation (Wp) and fiber pullout (WpQ) 
[54]: 


Oic-fO^ + Wp+WR,. (2) 

At room temperature, the matrix plastic deformation term (Wp) can be ignored for TiAl. 
Therefore, fiber pullout is the primary mechanism that increases a TiAl-based IMC’s 
fracture toughness. As illustrated in Figure 2a [47], fiber ends, created by fracture at their 
weakest cross-sections, do not necessarily lie in the plane of the composite fracture. As 
fracture proceeds, fibers whose ends are within a distance <1/2 l c of the composite crack 

plane will pull out of the matrix rather than fracturing [55]. In this case, the work to 
pullout per unit area (WpQ) can be expressed by [55,56]: 

W ^f (^fracTure )f 

PO = -’ (3) 

where Vf is the fiber volume fraction. Substituting equation (1) into (3) yields [54]: 


Wpo = 


*M° fracture )f 


12t. 


(4) 










16 

If Rf, Vf, and (Of racture )f are taken to be constant, these equations show that a weaker 

interfacial shear strength allows for a larger length of fiber to be pulled out of the matrix 
and, as a result, increases the pullout energy (and, therefore, Gi c ). 

Finally, the failure criterion for an IMC is given by: 

G e ff ^ G IC , (5) 

where G e ff is the strain energy release rate "felt" at the crack tip. It is given by [57]: 

^eff — ^applied “^deflect “^bridge- 

Thus, the applied strain energy release rate (G a ppH e d) is modified by the crack tip shielding 
mechanisms of crack tip deflection along the fiber/matrix interface (Gdeflect) and crack tip 
bridging (Gbridge) c - These mechanisms reduce G e ff by "shielding" the crack tip from the 
applied stress field. Therefore, in addition to fiber pullout, composite fracture can be 
inhibited by crack tip deflection and bridging [51]. 

The two extremes of IMC failure behavior illustrated in Figure 2 [47] suggest the 
existence of an optimum interfacial shear strength that improves fracture toughness at low 
temperatures while maintaining significant strength. Designing a fiber/matrix interface with 
an optimum shear strength in an EMC such as sapphire-reinforced TiAl requires control of: 
(1) the chemical interaction and (2) the mechanical interlocking between the fibers and the 
matrix. 

c Crack tip bridging occurs when cracks in the matrix are bridged by intact fibers that, as a 
result, inhibit crack opening [57] (see Figure 2a [47]). 
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2.5.1. Chemical Interaction 

The degree of chemical interaction that occurs between the fibers and the matrix 
during composite fabrication and subsequent use (i.e., at elevated temperatures) can 
significantly affect the strength of the interfacial bond (i.e., both tj and aj) as well as the 

properties of the fiber and matrix in the interfacial region. Therefore, when evaluating a 
potential composite system, it is important to address the chemical compatibility of the 
fiber/matrix combination [58], Chemical bonding between the fibers and the matrix can 
occur in widely varying degrees such as ( 1 ) dissolution bonding, ( 2 ) reaction bonding, or 
(3) no reaction at all. However, composite systems that are in thermodynamic equilibrium 
(i.e., no driving force for chemical reaction) are the most desirable [58], In order to predict 
the chemical compatibility of various composite constituents, both thermodynamic (i.e., 
phase equilibrium) and kinetic (i.e., reaction and diffusion rates) data for the fiber and 
matrix components must be considered over the anticipated range of fabrication and use 
temperatures [58]. Unfortunately, such data are usually difficult to find for IMCs. 

The compatibility of the Al 203 /TiAl system has been investigated in several studies 

[59-62], Misra [42, 59] studied the chemical compatibility of sapphire fibers with several 
binary Ti-Al alloys. He showed that Ti-Al alloys with concentrations less than 50 atomic 
% A1 are not compatible with AI 2 O 3 , resulting in ^solution of A1 and atomic oxygen into 
the alloy. For example, in the Al 203 /Ti- 43 A 1 system, diffusion of A1 into the matrix 
resulted in the formation of a TiAl layer at the Al 203 /alloy interface, and the dissolved 

oxygen remained in solution in the TiAl phase. On the other hand, no reaction occurred 
between Ti-54A1 and AI 2 O 3 , and electron probe microanalysis (EPMA) indicated no A1 or 
oxygen enrichment in the alloy near the Al 203 /Ti- 54 A 1 interface [59], From a 
thermodynamic standpoint, Dekock et al. [60] calculated the Ti-Al-O phase diagram at 1100 
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°C using available thermodynamic data and the program SOLGASMEX [63]. According to 
this diagram, TiAl is in equilibrium with AI 2 O 3 and TiO. Experimentally, by optical 
microscopy and EPMA, they found no evidence of reaction at the interface of A^OyTi- 
52.1Al-2.0Ta after 192 hours at 1100 °C. Das and Krishnamurthy [62] provide perhaps 
the best microstructural characterization of the sapphire/TiAl interface. In their 
investigation, they used both scanning and transmission electron microscopy (SEM and 
TEM) to characterize the interface between sapphire and three TiAl-based alloys: Ti- 
44.7Al-0.3Ta, Ti-47.2Al-1.3V (both two-phase a 2 +Y alloys) and Ti-50.5Al-0.1Ta-3.9Nb 

(single phase y alloy) where compositions are given in atomic percent. Samples were 
fabricated at 1200 °C for 6 hours and subsequently heat treated at 1000 °C or 1150 °C for 
different periods of time. SEM examination indicated no reaction zone formation at the 
fiber/matrix interface of these composites. However, the sapphire-reinforced two-phase 
a 2 +Y composites revealed fiber/matrix instability in the form of cracks in the matrix, 

serrations of the fiber surface, and voids at the interface. In contrast, the sapphire/single 
phase y alloy was relatively free of these defects. TEM examination revealed the presence 
of a 0.16 to 0.35 p.m-wide reaction zone that was amorphous in nature in all composites. 
Energy dispersive spectrometry (EDS) showed that the reaction zone was A1 enriched and 
Ti depleted; no information was available on the concentration profile of atomic oxygen, 
however [62]. 

From the results of these studies, it can be concluded that some form of dissolution 
chemical bonding (i.e., dissolution of A1 and atomic oxygen from sapphire into the matrix) 
occurs in sapphire-reinforced TiAl alloys based on a two-phase microstructure. However, 
it is evident that the formation of a brittle fiber/matrix reaction zone does not occur in this 
system as in SiC-reinforced TiAl alloys, for example. Chemical interaction in the 
sapphire/TiAl system may result in high interfacial shear and tensile strengths, especially 
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with high temperature exposure. In this case, composite failure could transition from non- 
catastrophic to catastrophic behavior (see Figure 2 [47]). However, an increase in <jj will 

result in enhanced composite transverse strength. Furthermore, dissolution of the fiber into 
the matrix will result in fiber strength degradation via surface roughening as previously 
noted in section 2.1 [35]. 

2.5.2. Mechanical Interlocking 

The contribution of fiber/matrix mechanical interlocking to interfacial shear strength 
is determined by: (1) the magnitude of the radial clamping stress across the interface, (2) 
the surface roughness of the fiber, and (3) the matrix yield stress in the interfacial region. 
Coulomb friction develops whenever the fiber and matrix are in contact. Friction stresses 
act parallel to the contacting surfaces, and they resist motion or attempted motion. 

Coulomb friction stresses are expressed according to: 

^friction — A^rr’ 

where o n is the radial clamping stress that acts perpendicular to the interface and |i is the 

coefficient of static or kinetic friction (depending on whether the fiber is sliding or not). It 
is important to note that (% is temperature dependent, decreasing to zero as the temperature 

increases to the composite's stress-free temperature. 

The non-uniform surface topography of the single-crystal sapphire fibers produced 
by Saphikon, Inc. has been documented by Moose [64], He observed asperities randomly 
located on the surface of these fibers as well as variations in their diameter. This diametrial 
variation occurs in a periodic pattern produced during fiber production. Mackin et al. 17] 
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measured the wavelength and amplitude of this variation as 10 pm and 0.3 pm 
respectively. This as-received fiber surface roughness, however, may be significantly 
different (i.e., less severe) than that following composite processing when fiber dissolution 
or reaction with the matrix occurs. 

The importance of fiber surface roughness to interfacial shear was first addressed 
by Jero et al. [65,66]. Assuming the fiber and matrix to deform in a purely elastic manner 
(e.g., ceramic fiber in a glass matrix), they argued that the translation of initially mating 
rough surfaces results in a radial displacement of the fiber and matrix surfaces equal to the 
amplitude of fiber roughness. This elastic displacement simply manifests itself as a 
compressive stress that adds to existing radial clamping [67]. In the case of metallic and 
intermetallic matrix composites, however, plastic as well as elastic deformation of the 
matrix must be considered in the interfacial region. Despite their tendency to be brittle in 
tension, many intermetallics may plastically deform on a localized level where stress states 
consist of large compressive and high equivalent shear stresses [68]. Examination of the 
interface following fiber pushout testing of the sapphire/NiAl system by Moose [64] 
showed that fiber displacement required matrix plasticity in the form of grooves to 
accommodate asperities on the fiber surface. 

At first glance, "frictional" fiber sliding resistance due to fiber/matrix mechanical 
interlocking appears to make an important contribution to the toughening mechanisms of 
fiber pullout and crack tip bridging in brittle matrix composites. As a crack extends into the 
composite, crack opening is inhibited by "frictional" fiber sliding resistance along the 
debonded fiber/matrix interface of bridging fibers (see Figure 2a [47]). In addition, broken 
fibers whose ends are within a distance £1/2 l c of the crack plane will pullout against a 

"frictional" sliding stress that resists fiber displacement [69]. However, a rough fiber 
surface, as in the sapphire/TiAl system following composite processing, may also lead to a 
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higher interfacial shear strength (Tj) due to the requirement for the mode II interface debond 
crack to follow a tortuous failure path. In addition, the significant thermally-induced radial 
clamping stresses in sapphire-reinforced TiAl composites may inhibit the propagation of the 
debond crack [70]. Reference to equation (1) shows that this increase in Xj due to 
fiber/matrix mechanical interlocking will result in a smaller critical length, k. This, in turn, 
leads to a tendency toward catastrophic composite failure behavior, i.e., higher longitudinal 
strength but lower fracture toughness (see section 2.5). Finally, the contribution of 
fiber/matrix mechanical interlocking to composite performance will vary with temperature 
due to the temperature dependence of the clamping stress and matrix yield strength. 

2.5.3. Effect of Fiber Coatings 

Unfortunately, the interfacial shear strength of directly bonded interfaces between 
sapphire fibers and TiAl-based matrices is relatively "strong," and interface debonding does 
not occur easily during fracture [7-10]. In a study conducted by Amato [8] on the same 
sapphire/Ti-48Al-2Cr-2Nb composite investigated in this thesis research, the fracture 
toughness of the composite material was found to be less than that of the unreinforced 
matrix; it should be noted that the toughness data were measured using the Charpy notch 
three-point bend test Evaluation of the fracture surfaces indicated an absence of fiber 
pullout in the sapphite/Ti-48Al-2Cr-2Nb specimen, suggesting a high interfacial shear 
strength [8]. These results suggest that the fiber/matrix interfacial shear strength in 
sapphire-reinforced TiAl-based IMCs must be tailored to obtain an optimum balance 
between strength and toughness. Specifically, the interfacial shear strength must be 
reduced if toughness enhancement is to be achieved in sapphire-reinforced TiAl 
composites. 
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As noted in section 2.4, one approach is through the use of fiber coatings. There 
appears to be two general ways that a fiber coating can be used to tailor the interfacial shear 
strength. First, as a diffusion barrier, a coating can tailor the degree of chemical bonding at 
either the fiber/coating or the coating/matrix interface thus, controlling the interfacial 
debond toughness (i.e., work to fracture) to initiate fiber pullout. He and Hutchinson [71] 
have proposed that if an interface is to fail ahead of an incident crack it should have an 
interfacial debond toughness (Tj) less than 1/4 of the fiber fracture energy (Tf). Evans et 
al. [72] reported Tj ~ 16.2 J/m^ for a TiAl coating on the basal plane of sapphire. 
However, to meet He and Hutchinson's criteria, T{ must be on the order of 3 J/m^ for the 
sapphire/TiAl interface [7]. In addition, a diffusion barrier coating can retain sapphire fiber 
strength by limiting the degree of degradation-induced fiber surface roughness incurred 
during composite processing and subsequent elevated temperature exposure. Secondly, a 
fiber coating car serve as a "shearable" layer between fiber and matrix by increasing or 
maintaining ductility at the fiber/matrix interface in the same way as a "compliant" layer 
described in section 2.4. Other desirable properties of a shearable coating are a low yield 
strength and hardening modulus. This type of coating may be especially effective if it is 
thick enough to accommodate fiber surface roughness. Mackin et al. [7] have also shown 
that a porous ceramic coating can act as a shearable/debond layer. 

2.5.4. Tantalum Fiber Coatings for Sapphire/TiAl IMCs 

Tantalum has a body-centered cubic structure, is very ductile (e.g., =35% tensile 
elongation), has a very low rate of work hardening, but possesses a high yield strength 
(e.g., =220 MPa) [73]. Thermodynamically, the sapphire/Ta interface appears to be stable 
since AI 2 O 3 has a lower free energy of formation than Ta 203 and 2 Ta 205 » 3 Al 203 [74], 








Diffusion couples of 1 [tm-thick Ta coatings sputter-deposited onto single-crystal sapphire 
were studied by Joshi et al. [75]. They characterized the interface using Auger depth 
profiling and TEM, and found that Ta did not react with sapphire in vacuum anneals of up 
to 4 hours at 1200 °C. Little or no atomic oxygen was found in the Ta coating [75]. 
Moreover, Ta is a p-Ti phase stabilizer in Ti alloys. An 1100 °C isothermal section of the 
Ta-Ti-Al phase diagram constructed by Das and Perepezko [76] reveals that only 30 atomic 
% Ta is required to stabilize the [3-phase in TiAl alloys. 

Several studies have investigated the use of Ta fiber coatings in SiC- and sapphire- 
reinforced TiAl IMCs [5,11,20]. Following composite fabrication, these investigators 
found that a Ta-Ti-Al interdiffusion zone surrounds the Ta coating with no evidence of 
brittle reaction product formation. Graves and Bampton [20] concluded that this 
interdiffusion zone was a ductile p-Ti phase. Therefore, a Ta fiber coating in 
sapphire/TiAl-based IMCs can be speculated to have a similar effect on the interfacial 
region as a "compliant" Nb layer investigated in TigAl-based IMC studies see section 2.4). 

2.6. Interfacial Shear Strength Determination 

As previously discussed, the shear strength of the fiber/matrix interface is an 
important factor influencing the mechanical properties, performance, and failure modes in 
composites [6]. The two extremes in IMC performance illustrated in Figure 2 [47] (i.e., 
catastrophic versus non-catastrophic failure behavior) suggest that the interfacial shear 
strength must be tailored to obtain composite systems that exhibit low temperature fracture 
toughness while maintaining significant strength. Designing a fiber/matrix interface in 
sapphire-reinforced TiAl IMCs with an optimum shear strength requires control of the 
chemical interaction and mechanical interlocking between the fibers and the matrix (e.g.. 
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through the use of fiber coatings). To determine the success of these controls, it is 
important to be able to measure accurately the interfacial shear strength and the 
accompanying interfacial failure process. 

In an attempt to quantify the shear strength of a fiber/matrix interface in brittle 
matrix composites, both mechanics and experimental approaches have separated the 
interfacial shear process into two distinct events: (1) interface debonding characterized by 
an average interfacial shear strength (i.e., t^yQ) and (2) subsequent large-scale fiber 
displacement described by a "frictional" sliding stress (i.e., T s iid e ) [72,77,78]. In the 
following section, the methods used to experimentally assess these properties will be 
described. 

2.6.1. Test Methods 

The three methods commonly used to examine the interfacial shear behavior of 
fiber-reinforced composites are illustrated in Figure 3 [79]. Each method relies on careful 
measurements of load and displacement during the test. The push-in test [80, 81] is 
relatively simple to perform and allows Interfacial property determination from a single test 
[79]. This type of test, however, is limited to composites where the interface is typically 
"weak.” The fiber pullout test, on the other hand, is more representative of the actual 
toughening mechanism that occurs during composite fracture. However, both specimen 
preparation and test methodology are very difficult [79], Therefore, many studies directed 
at determining the interfacial failure response in IMCs (as in this thesis research) use the 
fiber pushout test for experimental convenience. 




Three methods commonly used to examine the interfacial shear behavior of 
fiber-reinforced composites (adapted from Ferber et al. [79]). 
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2.6.2. Mechanics of the Thin-Slice Fiber Pushout Test 

The mechanics of the fiber pushout test for ceramic matrix composites (CMCs) has 
been addressed in detail where the high stiffness matrix and typically weak fiber/matrix 
interface permits testing of "thick" specimens (i.e., thickness > 1 mm) [67, 77, 78, 82j. 
Under these conditions, specimen bending does not occur during application of the indenter 
load. For these "thick-slice" specimens it is assumed that the interfacial failure sequence 
occurs in the following manner. First, a mode II (i.e., shear) debond crack initiates along 
the fiber/matrix interface at the point of maximum shear stress just below the specimen's 
topface (where the "topface" is the side of the specimen where the indenter is loaded onto 
the fiber). Subsequently, the debond crack propagates in a stable manner towards the 
bottom of the specimen as the load increases. Stability of the interface crack comes from 
the frictional resistance of the debonded interface. As stable debonding progresses, the 
relative displacement of the fiber below the matrix can be as much as 1 pm [83]. At peak 
load, the crack becomes unstable and spontaneously propagates through the remaining 
bonded ligament, resulting in a load drop [83]. 

However, the use of "thin-slice" specimens for pushout testing (i.e., typically 0.2 
to 0.4 mm thick) is required in IMCs since high interfacia] shear strengths limit specimen 
thickness if large-scale fiber displacements are achieved prior to indenter failure. In order 
to accommodate the displaced fiber during testing, these specimens are commonly 
supported over holes or slots which are typically >2 times the fiber diameter [68], As a 
result, this test configuration results in specimen bending that can complicate the 
interpretation of results and create interfacial failure sequences that are test-dependent and 
not representative of fiber pullout behavior [68]. The most notable consequence of 
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specimen bending is the development of tensile stresses that may initiate mode I cracks at 
the fiber/matrix interface on the specimen's backface opposite the indenter. 

Figure 4 (taken from Kallas et al. [84]) demonstrates the importance of the tensile 
radial component at the specimen's backface (i.e., d/t = 0 in Figure 4). In this Figure, the 
stress distributions within the matrix adjacent to the fiber were computed from an 
axisymmetric finite element model (FEM) developed by Kallas [84] that assumed perfect 
bonding at the fiber/matrix interface and no thermally-induced residual stresses (e.g., the 
sapphire/niobium system where the CTE mismatch is nearly zero). In order to demonstrate 
the effect of specimen thickness, the thickness was varied from 0.5 to 1.0 mm. In this 
figure, the interfacial stress components were normalized with respect to indenter pressure 
(p) and plotted as a function of position (d) along the fiber normalized with respect to 
specimen thickness (t) [84]. As shown in Figure 4a, the shear stress along the interface is 
not uniform but peaks at a location approximately one fiber radius below the topface. 

However, the failure sequence of topface shear initiation generally assumed for 
"thick-slice" specimens may not be correct for "thin-slice" specimens [68]. Figure 4b 
shows that a significant tensile radial stress component exists at the specimen’s backface. 
The consequences of this analysis for TiAl IMCs, where a strong fiber/matrix bond exists, 
is that thinne r specimens and higher indenter pressures must be used, resulting in large 
tensile stresses due to bending. These mechanically-induced tensile stresses at the backface 
may be large enough to exceed the chemical bond strength and thermally-induced residual 
clamping stress, thus initiating a mode I circumferential interface crack at the backface. 
Subsequently, the circumferential debond crack may propagate in a mixed-mode I and II 
manner up along the interface [68]. Crack propagation up from the backface in turn 
increases the shear stress within the bonded ligament that exists between the debond crack 
tip and specimen's topface. This is a result of the crack-tip stress field as well as the 
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Figure 4. Effect of specimen thickness on (a) the shear stress and (b) radial stress 
distributions at the fiber/matrix interface of a sapphire-reinforced niobium 
composite (taken from Kallas et al. [84]). 










decreased ligament length. As a result, a mode II debond crack can initiate at the topface 
near the indenter or, alternately, the fiber may slide abruptly as a rigid "plug" due to plastic 
flow within the matrix [68]. 

A complete analysis of the fiber pushout test for "thin-slice" IMC specimens 
(notably sapphire/TiAl) must take into account both thermally- and mechanically-induced 
stress distributions within the matrix along the fiber/matrix interface. The combination of 
these stresses dictate the overall interfacial stress state. One of the most significant aspects 
of the thermally- and mechanically-induced stress components is the sign of the shear stress 
component near the fiber ends. At the specimen's topface, the signs of the thermal and 
mechanical shear stresses are opposite while at the backface they are in the same direction. 
Thus, conditions may exist where the overall shear stress may peak near the backface of the 
specimen, being larger than near the topface. Thus, it is possible that a mode II debond 
crack may initiate at the backface [68]. 

The interfacial failure sequence that occurs during fiber pushout testing of IMCs is a 
sensitive function of the overall stress distribution along the fiber/matrix interface. The 
difficulty encountered in thin-slice fiber pushout testing is that the overall stress distribution 
is dependent on the interfacial shear strength, the magnitude of thermally-induced stresses, 
the indenter pressure (which controls the mechanical stresses), and the specimen thickness 
[68]. A straight-forward oalysis is not available, and use of an "average” interfacial shear 
strength (i.e., maximum load recorded during testing divided by the interfacial area) 
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2.7. Fiber Sliding Stress 


Following complete fiber debond (usually accompanied by a load-drop and large- 
scale displacement of the fiber from the matrix), the fiber slides along the debonded 
interface under the action of a "frictional” stress, X^i^, that resists further fiber 

displacement. Liang and Hutchinson [78] analyzed fiber sliding using a generalized sliding 
law where they combined the cases of constant friction and Coulomb friction (see equation 
(7) in section 2.5.2) from results in an earlier paper by Hutchinson and Jensen [77]: 


T sW e =T °-^"’ 


( 8 ) 


where x 0 is a constant friction term, p is the friction coefficient, and <% is the radial 

clamping stress acting across the sliding fiber/matrix interface. Mackin et al. [85] 
suggested that the constant friction term, x G , is the sliding stress that would be experienced 
by the fiber if <% = 0, i.e., x 0 is governed by the surface roughness of the fiber. This is 
the same surface roughness interaction that was first addressed by Jero and Kerans [65, 

66 ] (see the description in section 2.5.2). 

The "fiber reseating" phenomenon d is the most commonly reported evidence that 
fiber surface roughness makes a significant contribution to the sliding stress, i.e., it can not 
be explained by the frictional sliding of smooth surfaces [65,66, 85-88]. Upon pushing a 
fiber back to its origin, an abrupt load drop occurs in the load-displacement behavior of 
CMCs. In IMCs, however, matrix plasticity should be expected to play a role in how fiber 
reseating is manifested during reverse push-back tests. In fact, from the data presented in 

d "Fiber reseating" is a phenomenon that occurs when a fiber, that has been initially 
displaced during a pushout test, is pushed back beyond its original position (i.e., the 
"origin") [65], 
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the papers by Warren et al. (SiC/J3-Ti alloy) [86], Kantzos et al. (SiC/Ti-24Al-llNb) [87], 
and Eldridge (SiC/Ti-24Al-l INb) [88], fiber reseating is manifested by a distinct load 
increase. However, these authors did not comment on this different behavior found 
between CMCs and IMCs (and MMCs). 

Another significant observation during fiber sliding is the evidence of interface wear 
and/or degradation during continued monotonic or cyclic loading [85-87], It has been 
found that with increasing amounts of fiber sliding displacement (i.e., monotonically or 
cyclically): (1) fiber sliding stress continuously decreases [85-87] and (2) fiber reseating 
load drop decreases and eventually disappears [85, 86, 89]. By considering the 
generalized sliding law (see equation (8)), a decrease in T s iid e may be explained in terms of 
a decrease in T 0 (constant friction term) or (radial clamping stress) or both. Mackin et 

al. [85, 86] suggested that the wear of fiber asperities occurred in a SiC/glass system as the 
interface slid during pushout, causing x 0 to decrease. However, the much larger decrease 
in T s iide with fiber displacement found in a SiC/p- rT " ;ystem could not be accounted for by 
asperity wear alone. In this case, the authors [85, 86] suggested that matrix plasticity may 
account for a reduction in misfit strain with pushout, but they gave no explanation of how 
this may occur. Similar observations have been made by Kantzos et al. [87] in SiC/Ti- 
24A1-1 INb and SiC/Ti-15V-3Cr-3Al-3Sn specimens subject to cyclic fatigue and multiple 
reverse pushout tests. The reduction of T s ijde in these specimens was accounted for by 

fracture and wear of the outer carbon coatings on the SCS-6 (SiC) fiber. In a separate 
calculation by Kantzos [90], he found that only 0.4 pm of radial displacement is required at 
the interface of these two systems in order to relieve all of the thermally-induced clamping 
stress (<%). All of the above mentioned mechanisms for interfacial wear/degradation have 

been suggested where the asperities are comprised of carbon coatings that wear readily 
[87]. In other composite systems, e.g., sapphire/TiAl, fiber roughness/asperities may not 
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wear readily [87], and matrix plasticity may become increasingly important. For example, 
during elevated temperature reverse push-back tests of sapphire/NiAl, Eldridge [88] noted 
that T s iide was ^S^er at 700 °C than at 23 °C even though the clamping stress on the fiber 

should be negligible at the higher temperature. However, he explained this in terms of 
large increases in the friction coefficient due to greater matrix ductility [88]. 

2.8. Statement of Purpose 

Sapphire-reinforced TiAl composites offer great technological potential for high 
temperature aerospace applications. Due to their high strength and stiffness, they have the 
potential to replace conventional titanium alloys, as well as nickel-based superalloys, at 40 
to 60% lower weight [5]. However, as previously described, one of the major problems 
associated with these materials is their lack of damage tolerance. This includes, but is not 
limited to, fiber damage and low composite fracture toughness. It is well recognized that 
the fiber/matrix interfacial shear strength can control the strength and crack growth behavior 
of fiber-reinforced composites [68]. Therefore, the purpose of this research program is to 
establish a fundamental understanding of (1) the residual stresses and resulting damage 
within fibers intersecting a free surface, (2) the fiber/matrix interfacial shear behavior and 
its characterization, and (3) the role of matrix plastic deformation duiing fiber sliding within 
sapphire-reinforced TiAl composites. 

Although the problem of sapphire fiber cracking or splitting has plagued the MMC 
industry for nearly 30 years, no one has been able to satisfactorily analyze this 
phenomenon, identify those factors that contribute to its occurrence, and consistently 
correct the problem through fiber/matrix interface and/or processing modification. This 
research program examines this phenomenon in terms of (1) thermally-induced residual 
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tensile stresses, (2) the use of brittle fibers with low toughness values, and (3) damage that 
can result in pre-existing flaws in a fiber intersecting a free surface. Both computationally- 
predicted stress states and experimental validation are used to analyze the fiber splitting 
problem. 

Previous studies have shown that the interfacial shear strength of directly bonded 
interfaces between sapphire fibers and TiAl-based matrices is relatively strong [7-10], As a 
result, fiber damage and low fracture toughness are a commonly reported problem in 
sapphire-reinforced TiAl composites [8, 11-15]. Therefore, the interfacial shear strength 
must be reduced to improve the damage tolerance of these materials. To obtain an optimum 
shear strength, the chemical interaction and mechanical interlocking between the fibers and 
the matrix must be controlled (e.g., through the use of fiber coatings). To determine the 
success of these controls, it is important to be able to measure accurately the interfacial 
shear strength and the accompanying interfacial failure process. 

Fiber pushout testing is currently performed routinely at various labs across the 
country for the purpose of determining interfacial shear strength in fiber-reinforced IMCs. 
However, specimen support configuration, interfacial stress distributions, and their effect 
on the observed results are largely ignored. This research program uses a unique 
experimental approach to characterize the interfacial failure sequence in a manner that 
permits an accurate physical description of the interfacial "debond" process. 

The "frictional" sliding resistance (i.e., T^g) of debonded fibers during 

monotonic and cyclic loading makes an important contribution to the toughening 
mechanisms of fiber pullout and crack tip bridging in CMCs and IMCs [69, 87]. Previous 
studies have addressed the importance of residual stress [69] and fiber surface roughness 
[65,66, 85-88] to T s ijd e . The present study examines large-scale fiber displacement 

following complete fiber debond from the standpoint of addressing the contribution of 
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matrix plastic deformation to x^e and its role in interface wear/degradation with 
continued monotonic or cyclic loading in IMCs. This research program gives substantial 
evidence that matrix plasticity plays a dominant role in the "frictional" sliding resistance of 
debonded fibers and interface wear in sapphire/TiAl composites. 
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Chapter 3 

EXPERIMENTAL PROCEDURES 

In this chapter, the experimental procedures used in this study are described in 
detail. The procedures are broken down into six stages: (1) specimen fabrication, (2) 
microscopic characterization, (3) assessment of fiber damage, (4) experimental validation 
of FEM predicted stress states, (5) indentation pushout testing, and (6) fiber displacement 
measurements. 

3.1. Specimen Fabrication 

This study is based on low volume fraction fiber-reinforced matrices consisting of 
sapphire fibers embedded in two different matrices based on the intermetallic TiAl: Ti- 
48A1-1V (hereafter referred to as Ti-48-1) and Ti-48Al-2Cr-2Nb (i.e., Ti-48-2-2) where 
compositions are given in atomic percent. Unidirectionally reinforced fiber composites 
were prepared via vacuum hot pressing pre-alloyed matrix powder and 160 pm (average) 
diameter fibers. The Ti-48-2-2 matrix material was consolidated by G. E. Aircraft Engines 
(GEAE), Evendale, OH, and contained approximately 9 volume percent of uncoated 
sapphire fibers. A much lower volume fraction of sapphire reinforcement (0.1 volume 
percent) was produced for the Ti-48-1 material where both uncoated and tantalum-coated 
fibers were incorporated in the matrix. This material (i.e., Ti-48-1) was consolidated at 
Penn State as part of this study. 

Both matrices were provided by Crucible Research, Pittsburgh, PA, in the form of 
helium gas-atomized powder. The concentration of interstitial elements in as-received -35 
mesh powder (i.e., < 500 pm in diameter) is given in Table 2. (Chemical analysis of the 
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Table 2. Chemical analysis (atomic %) of matrix materials used in this study at various 
stages of processing. (Chemical analysis for Ti-48Al-2Cr-2Nb is taken from 
Amato [8].) 


Nominal 

Composition 

Condition 

Ti 

A1 

V 

Fe* 

O* 

NT 

c* 

H* 

Ti-48Al-lV 

As-received 

Bal. 

48.7 

0.8 

580 

590 

120 

540 

48 

Ti-48Al-lV 

Following 
powder size 
reduction 

Bal. 

46.6 

0.8 

1510 

11500 

1000 

1100 

NR 

Ti-48Al-2Cr-2Nb 

As-received 

NR 

NR 

NR 

NR 

800 

50 

310 

NR 

Ti-48Al-2Cr-2Nb 

Following 

composite 

fabrication 

NR 

NR 

NR 

NR 

1100 

90 

630 

NR 


NR = not reported 
* ppm (weight basis) 


Ti-48-1 powder was performed by Chemsys, Inc., while that for the Ti-48-2-2 material 
was reported by Amato [8].) The concentration of unwanted interstitial elements in 
titanium-based alloys is very important since strength, toughness, and ductility are a 
sensitive function of their relative concentrations. As-received powder shapes were 
generally spherical as shown in Figure 5a. 

Although only low volume fraction samples were fabricated and tested in this 
study, the original intent of this part of the investigation was to fabricate high volume- 
fraction (e.g., 20%) sapphire/Ti-48-1 samples. Therefore, due to the large particle size of 
the as-received powder and the high hardness of this alloy at fabrication temperatures, 
initial efforts early in this study were focused on reducing the powder particle size below 
the magnitude of the interfiber spacing required to produce high volume-fraction 
composites. Powder sizes greater than the interfiber spacing will displace the fibers when 
pressure is applied for consolidation [20]. Therefore, a wide range of mechanical grinding 
methods were attempted in order to reduce powder particle sizes from -35 mesh (i.e., < 
500 jam) to -325 mesh (i.e., < 45 pm). The method yielding the greatest success was 
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Figure 5. Helium gas-atomized Ti-48A1-1V powder (a) in the as-received (-35 mesh, 
i.e., < 500 |im) condition and (b) after grinding to -325 mesh (< 45 pm) in a 
Bleuler Laboratory Swing Mill. 
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shatter-box grinding with a Bleuler Labcu atory Swing Mill manufactured by Hans Naef 
AG. This mill uses a stainless steel grinding ring and stone arrangement to pulverize the 
powder. Figure 5b shows the size and morphology of the powder particles following this 
grinding step. Since the mill was operated in air, a significant increase in interstitial 
contamination occurred as shown in Table 2. Most notable is the 20-fold increase in 
oxygen content. This is a direct result of: (1) TiAl's high affinity for oxygen and (2) the 
large increase in surface area exposed to air as a result of the much smaller powder particle 
size. This second point is clearly shown by comparing Figures 5a and 5b (both 
micrographs are at the same magnification). It is also important to note the increase in iron 
contamination from the grinding container. 

The single-crystal sapphire fibers were fabricated by Saphikon, Inc. and have a 
range in diameter from 150 to 175 pm. The protective, organic, Dow Methocel^M coating 
present on as-ieceived fibers (to protect them from self-abrasion during handling) was 
removed prior to hot pressing by: (1) flame-polishing in an oxygen-rich gas flame for 
fibers incorporated into the Ti-48-1 matrix and (2) soaking in cold water followed by 
rinsing in acetone for fibers incorporated into the Ti-48-2-2 matrix. A typical uncoated, 
flame-polished fiber prior to hot pressing is shown in Figure 6. A faint contrast from the 
diametrial variation that occurs in a periodic pattern produced during fiber production 
(arrowed) can be seen in this micrograph. The wavelength of the variation is 12.5 pm 
which is in good agreement with measurements made by Mackin et al. [7]. The tantalum 
(Ta) coating on fibers supplied by Pratt and Whitney, East Hartford, CT, was deposited via 
sputtering at Midwest Research Technologies, Milwaukee, WI. As shown in Figure 7, the 
coating was =0.2 pm thick and appeared to be continuous. The Ta-coated fibers were 
subsequently incorporated into the Ti-48-1 matrix. 
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F-gure 6. A typical uncoated, flame-polished fiber prior to hot pressing. Note the faint 
contrast from the diametrial variation that occurs in a periodic pattern 
(arrowed). f 
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Figure 7. Tantalum-coated fiber prior to incorporating into the Ti-48Al-lV matrix. (a) 
Coating appeared to be continuous and (b) =0.2 pm thick (arrowed on fiber's 
cross-section). 
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A low volume fraction (=0.1 volume percent) Ti-48-1 composite was fabricated via 
vacuum hot pressing both uncoated and Ta-coated fibers in the same specimen. The -325 
mesh, Ti-48-1 matrix powder previously produced by grinding as-received powder was 
used to fabricate this specimen. The Ti-48-2-2 composite produced by GEAE was 
fabricated via a two-stage vacuum hot press followed by hot isostatic press procedure. 

Only uncoated fibers were incorporated into the -35 mesh Ti-48-2-2 matrix powder. The 
matrix powder contained an organic binder that was subsequently removed during 
fabrication [8]. 

3.2. Microscopic Characterization 

Optical and scanning electron microscopy (SEM) were used in this study to 
characterize: (1) the microstructure of the interfacial region, (2) the condition of the fiber 
surface before and after composite fabrication, (3) the extent and nature of cracks within 
fibers embedded in the matrix, and (4) the fiber/matrix interface and fiber displacement 
following pushout testing. To identify the phases within the matrix, their distribution, and 
to determine the grain size, a two-stage etching procedure developed for TiAl-based alloys 
at the Rockwell International Science Center [91] was used. First, a 50 ml lactic acid-20 ml 
nitric acid-1.5 ml hydrofluoric acid etchant (hereafter referred to as a lactic acid etchant) 
was used to differentiate the <*2 (i.e., TijAl) phase from the rest of the microstructure. 

Next, a Kroll's etchant consisting of 8.0 ml nitric acid and 1.0 ml hydrofluoric acid in 91.5 
ml distilled water was used to reveal the matrix grain structure and distribution of the (X 2 

and y phases within the alloys. Each etchant was applied to the specimen’s surface by 
swabbing with cotton for =10 seconds at room temperature. 
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To further characterize the fiber/matrix interfacial region, microhardness, electron 
microprobe, and x-ray microanalysis were used. The hardness values near the fiber/matrix 
interface were measured with a Leco M-400 Microhardness Tester using both Knoop and 
Vickers diamond indenters at loads ranging from 10 to 100 grams and a dwell time of 10 
seconds. A microcomputer-operated Cameca-Camebax SX 50 Electron Microprobe was 
used to obtain a qualitative description of the distribution of elements within the interfacial 
region (through elemental x-ray maps) and semi-quantitative concentration profiles of 
different elements across the interface. To identify the interface along which failure 
occurred during fiber pushout testing, a Kevex Energy-Dispersive X-Ray Microanalysis 
System attached to a SEM was used to identify semi-quantitatively the material on the fiber 
surface and matrix wall following large-scale fiber displacement. 

3.3. Assessment of Fiber Damage 

The extent and nature of cracks within sapphire fibers were characterized when they 
were embedded in the matrix as well as after they had been removed. Frequendy, cracks 
within embedded fibers could not be seen using reflected light metallography. Therefore, 
to reveal the presence of cracks, a fiber optic light source was used to transmit light through 
the optically transparent sapphire fibers oriented normal to the surfaces of a thin-slice 
specimen. By viewing a fiber end opposite the light source with a metallograph at lOOOx 
and taking into account the refractive index of sapphire, the depth of fiber surface cracks 
could be measured to an accuracy of ±2 pm via metallograph stage movement In an 
attempt to minimize the development of surface cracks in the fibers during cutting, several 
cross-sectioning methods were attempted: 
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(1) high speed (i.e., =3500 rpm) abrasive wheel cutting using a wafering blade 
impregnated with 60 pm diamond abrasive, 

(2) low speed (i.e., =250 rpm) abrasive wheel cutting using wafering blades 
impregnated with 60 Jim and 6 |im diamond abrasives, 

(3) wire saw cutting with a 254 pm diameter stainless steel wire coated with 
slurries of 12 pm SiC (glycerin-based) and 6 pm diamond (oil-based) 
abrasives, 

(4) laser beam cutting with a 1.5 kW CO 2 gas laser (performed by Applied 
Research Laboratory, University Park, PA), and 

(5) abrasive water jet cutting with a high pressure (60,000 psi) stream of water and 
alumina abrasive (performed by Quest Integrated, Inc., Kent, WA). 

The extent of fiber fracture and crack orientation with respect to the fiber axis was 
characterized by chemically removing the matrix with a concentrated Kroll’s etchant (i.e., 

15 ml nitric acid and 10 ml hydrofluoric acid in 75 ml distilled water). Care was taken to 
avoid residual stress-induced fiber buckling that was observed by Marshall and Graves 
[92] when the matrix was not uniformly removed from around the fiber via complete 
immersion of the sample in acid. Therefore, in this study, only small portions of matrix 
were incrementally removed along the fiber axis by suspending the specimen in a beaker of 
etchant. 
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3.4. Experimental Validation of FEM Predicted Stress States Using Indentation Crack 
Growth Analysis 

Finite element computations predicted that significant thermally-induced residual 
tensile stresses exist near the ends of sapphire fibers that are embedded within TiAl-based 
matrices and are oriented normal to a free surface (see section 4.2.2.1) [93]. It has been 
shown in several studies of brittle materials that indentation cracks can be used to estimate 
the magnitude of pre-existing residual stresses [94-97]. This method offers the advantage 
of being experimentally straight forward, and its analysis enables residual stresses to be 
probed on a small scale. Therefore, this study used indentation crack growth behavior 
within the sapphire fibers to experimentally verify the predicted stress states. 

The specimens for determining residual stresses were prepared in the form of thin 
(i.e., 0.3 to 0.6 mm) sections cut perpendicular to the fiber axis with a low speed saw 
using a diamond wafering blade. Care was taken to align the fibers normal to the specimen 
surface, i.e., the (0001) basal plane parallel to the specimen surface. The specimens were 
ground flat on a glass plate with 3 pm diamond and subsequently polished with 1 pm 
diamond paste on nylon cloth. As will be discussed in section 4.2.2.1, it is important to 
note that all specimens were exposed to water during their preparation. In addition, all 
specimens tested were in the as-fabricated condition. 

Indentation of the fibers was performed using a Vickers diamond pyramid indenter 
and a Leco M-400 Microhardness Tester for loads ranging from 0.98 to 4.9 N such that 
well developed radial crack patterns were obtained (i.e., c > 2a, where c is the crack radius 
and a is the indentation diagonal [94]). In addition, the overall crack length, 2c, was 
maintained less than 75% of the fiber's diameter. These indentations were made in air with 
a load dwell time of 10 seconds. 
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In addition to sapphire fibers embedded in Ti-48-1 and Ti-48-2-2, an indentation 
crack growth analysis of fibers hot pressed in pure niobium ( 0.1 volume percent fibers) 
was also performed. Since the coefficient of thermal expansion (CTE) mismatch between 
niobium (Nb) and sapphire is small, the predicted thermally-induced residual stresses upon 
cooling from the fabrication temperature are also very small (i.e., <% = 090 «-13 MPa) 

[98]. Therefore, the indentation of fibers embedded in Nb served as a convenient 
calibration for the indentation crack size in a stress-free sapphire fiber. 

The cracks formed during the contact between a sharp indenter and a brittle material 
have been classified into two systems: ( 1 ) half-penny shaped, radial/median cracks 
(hereafter referred to as radial cracks, shown in Figure 8 ) that form on symmetry planes 
containing the load axis and principal indenter diagonals and ( 2 ) lateral cracks that form on 
shallow sub-surface planes approximately normal to the load axis [99, 100]. Of these two 
crack systems, the radial cracks are of interest here since they closely model the type of 
damage experimentally observed in as-cut sapphire fibers. The lengths of the radial cracks 
induced within the fibers (i.e., see Figure 8 ) were measured using the microhardness 
tester's measuring eyepiece with an accuracy of ±0.2 (im. Mean crack sizes were 
determined from 2 to 9 indentations for each fiber/matrix system. 

After making the above measurements, it was necessary to: (1) apply the 
appropriate fracture mechanics relations in order to obtain a predicted crack size for a given 
indentation load and the residual stress state calculated by FEM and (2) compare this 
predicted crack size with that measured experimentally. The fracture mechanics analysis is 
as follows: First, for a residual stress-free substrate, the driving force for the growth of 
radial cracks that emanate from the indentation comers is assumed to result from the 
residual contact stress field [101]. For an indentation load, P, the radius, c, of the radial 
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Figure 8. Fracture pattern formed following indentation of a sapphire fiber, (a) 

Transmitted light optical micrograph of a 4.9 N Vickers indentation in an 
uncoated fiber embedded in Ti-48Al-2Cr-2Nb. (b) Schematic showing surface 
traces and ideal shape of the half-penny, radial cracks (adapted from Marshall 
and Lawn [95]). 








half-penny shaped cracks may be determined from the residual stress intensity factor Kj 
due solely to the indenter load [101,102]: 
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Kj 


XP 

3/2 ’ 
C 


(9) 


where x is a dimensionless parameter dependent on the indenter cone half angle and the 
stiffness-to-hardness ratio of the substrate. For the present study, % has a value of 0.0687 
based on indentation crack size measurements in the assumed stress-free sapphire Fibers 
embedded in Nb e . It should be noted that the form of is such that it decreases with 

increasing crack length. This will result in crack propagation and subsequent arrest at a 
length dictated by the fracture toughness of the fiber. 

If a radial crack is also acted upon by thermally-induced residual stresses, the net 
mode I stress intensity factor, K, can be obtained by use of the superposition principle: 


K = K, + K r , 


( 10 ) 


where K r is the stress intensity factor for an identical half-penny shaped crack subject to a 

thermally-induced residual stress field. For equilibrium conditions, the crack extends until 
K equals the fracture toughness of the material, Kj c [94], 

By generalizing an earlier approach by Lawn and Fuller [94], K r may be obtained 
for any depth profile of stress, even if the thermally-induced stresses vary with position in 


e For equilibrium conditions, the crack induced by a given indentation load in a residual 
stress-free substrate extends until Kj equals the material’s fracture toughness. 
Therefore, by substituting the mean crack size (c) measured in the assumed stress-free 
sapphire fibers embedded in Nb for a given indentation load (P) into equation (9), as 
well as the fracture toughness of sapphire (measured by Wiederhom [34] as 2.5 MPa- 
m a value for the dimensionless parameter (x) was obtained. 
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the material. Taking the fracture mechanics solutions for a concentrated force acting on an 
elemental area within the crack perimeter [103] and integrating this solution over the entire 
crack area, the stress intensity due to the residual stresses only is obtained [94]: 


K ' = iW!- i)c<z,dz - 


(ii) 


where o(z) defines the residual stress field profile as a function of depth, z, into the fiber 
from the free surface, and \y is a crack geometry term approximately equal to unity. In the 
present study, the residual stress profiles within the fiber, as calculated by FEM, were 
assumed to fit 4th-order polynomials according to: 

2 3 4 

o(z) = o R (l + az + bz +dz +ez ), (12) 

where Or is the maximum tensile stress in the free surface of the fiber and a, b, d, and e 
are constants. Note that o(z) refers to either the radial, Ojj, or hoop stress, oqq, 
component, whichever is greater. Substituting equation (12) into (11) and combining the 
result with equations (9) and (10) yields an expression that permits the calculation of the net 
mode I stress intensity: 


.. X p r r,, a b 2 d 3 e 4 N1 
K = ^7T + [WrVc(1 + -c + — c +— c +—c )]. 


( 13 ) 


Note that the presence of thermally-induced residual tensile surface stresses assist the 
residual contact stresses in propagating a crack. 
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By setting K = Ki c in equation (13), an equilibrium radial crack size (c) can be 
predicted for a given indentation load (P) and the residual stress state calculated by FEM. 
Comparison of the predicted crack size with those experimentally measured within the 
embedded sapphire fibers then serves to test the validity of the FEM predicted stress state. 

3.5. Indentation Fiber Pushout Testing 

Pushout and push-back tests were performed on thin-slice specimens ranging in 
thickness from 0.31 to 0.37 mm. Care was taken to align the fibers normal to the specimen 
surface. The specimen surface was ground flat and polished to a 11im diamond paste 
finish on nylon cloth (i.e., in the same manner as described in section 3.4). The 
indentation fiber pushout test apparatus used in this study was designed and developed by 
Moose et al. [64,98] in a parallel effort by NASA Lewis Research Center [104], 

3.5.1. Indentation Pushout Test Apparatus 

The configuration of the indentation pushout test apparatus is shown in Figure 9 
[64]. The tests were performed on an Instron universal test frame equipped with a 1 KN 
load cell. A flat-bottomed, 127 pm diameter tungsten carbide indenter (manufactured by 
National Jet, Inc.) was used to apply the load to the fiber selected for testing. This resulted 
in an indenter-to-fiber diameter ratio of =75 to 85 %. Alignment of the indenter with the 
fiber end-face/ was achieved through position control of the specimen with a joystick 
controlled, high load capacity, x-y micropositioning table. Alignment was visually 
monitored by using two optical telescopic microscopes (manufactured by Gartner 
Scientific, Inc.) offset at =90° equipped with high resolution, black and white video 
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cameras. This setup also allowed continuous monitoring of fiber displacement and indenter 
alignment throughout the test [64], 

Load measurements were recorded every 0.1 seconds using a high resolution, 
computer controlled, data acquisition board by Strawberry Tree, Inc. Tests were done 
using a constant cross-head displacement rate of 30 or 50 pm/minute. In addition, acoustic 
emissions were recorded during the test by mounting a small (5 mm diameter and 5 mm 
high), 100 to 1200 KHz broad band transducer to the stainless steel support plate on which 
the specimen rested. Coupling of the transducer to the support plate was accomplished 
with vacuum grease. Acoustic emission signals were collected as a function of time by a 
Locan AT microcomputer [64], 

3.5.2. Specimen Support Configuration 

In order to accommodate the displaced fiber during testing, specimens must be 
supported over a hole or slot. In this study, specimens were supported over very small 
holes in order to: (1) minimize bending of the specimen and (2) simplify FEM ana’ysis of 
the biaxial stress state peculiar to the test configuration. Two types of support 
configurations were used. First, fibers were concentrically aligned over a 254 pm diameter 
support hole that was electro-discharge machined (EDM) through a 1/8 inch thick 316 
stainless steel plate. This resulted in a support hole to fiber diameter ratio of **1.6. Most 
fiber pushout tests performed by other researchers are performed with this ratio typically 
>2 [68], Precise concentric alignment of the fiber over the hole was accomplished with the 
aid of an inverted stage metallograph and a fiber optic light source. Rough alignment was 
achieved by aligning the microscope's stage, support plate, and specimen such that light 
from the metallograph passed through the bottom of the support plate and up through the 





optically transparent fiber. Next, the metallograph's light source was switched off and 
light from the fiber optic light source was transmitted through the top of the fiber. The 
metallograph was focused on the fiber's bottom side by focusing up through the support 
hole. While viewing the fiber in the metallograph's eyepiece, precise alignment was 
achieved by gently tapping the specimen until the fiber was concentric with the hole. 

Finally, a brass spring-clip type fixture (shown in Figure 10) was used to gently secure the 
specimen to the support plate [64]. 

The second type of support configuration was one in which the support hole was 
exa^ iy the same size and shape as the fiber's cross-section (i.e., the fibers are not perfectly 
round) in an effort to eliminate specimen bending. This was achieved by depositing a 2 to 
8 pm thick layer of nickel on the specimen's backface via electroplating. A hole exactly the 
same size and shape as the fiber's cross-section was preserved in the plated nickel layer by 
masking the fiber's end prior to electroplating with a negative photoresist that is sensitive to 
light. This is possible in sapphire-reinforced composites due to the ability of the fibers to 
transmit light [105]. The detailed procedure, described elsewhere [105], is summarized in 
Figure 11 (taken from Koss et al. [105]) and involves the following steps: (1) A coating 
(=25 pm thick) of KTI 752 negative photoresist (produced by KTI Chemicals, Inc.) was 
applied to the specimen's backface. (2) The photoresist coating was cured at 80 °C for 2 
hours. (3) Ultraviolet (UV) light (wavelength of 365 nm) was shown on the specimen's 
topface, transmitted through the fiber, and, therefore, exposed only the photoresist on the 
fiber’s end. During exposure, the molecu’ar weight of the exposed photoresist is increased 
[106] thus rendering it insoluble. (4) The specimen was immersed in a negative photoresist 
developer (KTI 802) that dissolved the unexposed photoresist and left the fiber coated with 
exposed photoresist (see Figure 1 lb). (5) The specimen was baked at 165 °C for 45 
minutes to solidify the remaining photoresist to a final thickness ranging from 8 to 14 pm. 
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Figure 11. Procedure for producing a hole on the specimen's backface exactly the same 
size and shape as the fiber's cross-section (taken from Koss et al. [105]). (a) 
Apply negative photoresist to surface, cure, and expose to UV light (b) 
Dissolve unexposed photoresist in developer and bake, (c) Plate nickel onto 
surface, (d) Remove remaining photoresist. 
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(6) After attaching lead wires to the specimen's topface and masking everything but the 
backface with a lacquer, nickel was plated onto the specimen’s backface using a plating 
bath consisting of 180 gm nickel sulfate, 30 gm ammonium chloride, and 0.15 gm sodium 
lauryl sulfate in 1 liter of distilled water. The bath was maintained at a temperature of 50 °C 
and pH of 5.9. Using a pure nickel anode and maintaining a current density of =50 
mA/cm2 for 5 to 15 minutes resulted in a plate thickness of 2 to 8 |im on the specimen’s 
backface (see Figure 11c). (7) The remaining photoresist covering the fiber was removed 
using a negative photoresist stripper (ACSI SN-10) maintained at 90 to 100 °C. 

Figure 12 shows the backface of a typical specimen before and after the nickel 
"back-plating" procedure. Initial attempts at using this procedure revealed problems with 
adherence of the nickel plate to the specimen (i.e., the plate peeled-up). Evidence of this 
problem is shown in Figure 13 which shows a high magnification view of the nickel plate’s 
edge at the hole over the fiber in Figure 12b. Although the plate’s edge is not in contact 
with the specimen, it was assumed that it would flatten against the specimen during the 
early stages of the pushout test. To enhance mechanical adherence, the specimen's 
backface was not polished, i.e., it was ground flat with 3 pm diamond paste. This resulted 
in a somewhat rougher specimen surface, seen in Figure 12a, but improved plating 
adherence. Comparing measurements of the fiber's diameter on the backface and 
corresponding hole in the nickel plate verified that the plate did not overlap the fiber. 

3.5.3. Test Methods 

Before testing, the fibers were closely examined for the presence of cracks by using 
reflected and transmitted light metallography. By focusing through the fiber, the fiber 
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Figure 12. Backface of a typical specimen (a) before and (b) after the nickel "back-plating" 
procedure. Specimen surface was ground flat with 3 |im diamond paste to 
enhance mechanical adherence of the plate. 
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could be examined for cracks along its entire length. Fibers containing cracks were not 
tested. 

Three general types of tests were performed using the indentation test apparatus. 
First, tests in which the fiber was loaded, debonded, and displaced out of the matrix by as 
much as 120 pm were performed to assess the general interfacial failure (e.g., maximum 
load, load-drop following fiber/matrix debond, etc.) and fiber sliding behavior. In other 
tests, the fiber was incrementally loaded up to the load required for complete debond 
(established in the first type of test). After each incremental load, the specimen was 
carefully characterized via SEM examination and scanning laser microscope (SLM) surface 
profile measurements of top and backface fiber displacement in order to establish the 
interfacial failure sequence prior to the large-scale fiber displacement which occurs at 
maximum load. Finally, tests were performed in which an initially debonded and displaced 
fiber was pushed back beyond its original position (i.e., the "origin") to characterize fiber 
sliding and interfacial wear/degradation behavior. 

3.6. Fiber Displacement Measurements Using Scanning Laser Microscopy 

Following pushout testing, very accurate measurements of fiber displacement with 
respect to the matrix on the specimen's top and backface were obtained by using the 
1LM11 Confocal Scanning Laser Microscope (SLM), which is manufactured by Lasertec 
Corporation. In this SLM system, the helium-neon laser scans the specimen point by point 
as the specimen stage moves vertically through a pre-determined range under computer 
control. Reflected light is detected by a confocal point detector in confocal optics, where 
only the position in focus gives maximum intensity. Non-contact surface profilometry is 
accomplished via the SLM's computer by memorizing the stage position at maximum 
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intensity with respect to each scanned pixel [107]. In the surface profiling mode, the 
1LM11 SLM's minimum measurement unit is 0.01 (im with a measuring repeatability of 
±0.03 Jim [107]. The accuracy of the particular SLM used in this study was verified 
experimentally by Moose [108] who reported a ±0.02 Jim measuring repeatability while 
measuring steps (0.88 to 0.91 Jim high) etched into silicon wafers. 

Figure 14 is a micrograph of a typical SLM surface profile measurement made 
using the microscope’s 50x lens (resulting in a micrograph at =2400x). Shown is the 
topface of a sapphire/Ti-48-2-2 specimen following a pushout test that was interrupted 
before fiber debonding occurred. The solid horizontal line is the trace along which the 
measurement was made. The "Manual" measurement is the actual distance between the 
vertical dashed lines, and "Depth" is the distance between the horizontal dashed lines, i.e., 
the distance the fiber is displaced below the matrix. Surface profile measurements were 
made on both top and bottom faces at 3,6,9, and 12 o’clock positions around the 
perimeter of each fiber tested. To insure that specimens that were subsequently re-loaded 
and re-measured were consistently measured at the same positions around the fiber's 
perimeter, position locations were scribed onto the specimen's topface. In addition to 
measuring fiber displacements, matrix plastic deformation that occurred within the 
interfacial region on the specimen's top and backface during pushout testing was also 
measured using SLM surface profilometry. 








Micrograph of a typical scanning laser microscope surface profile measurement. The solid horizontal line is the trace 
along which the measurement was made. "Manual" and "Depth" are the distances between the vertical and horizontal 
dashed lines respectively. 
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Chapter 4 

RESULTS AND DISCUSSION 

Sapphire-reinforced TiAl composites offer great technological potential for future 
aerospace applications. However, one of the major problems associated with these 
materials is their lack of damage tolerance. This includes, but is not limited to, poor matrix 
toughness which is accompanied by low composite fracture toughness. This research 
program recognizes that this problem can be improved by reducing the interfacial shear 
strength in these composite systems. In addition, to ensure the success of attempts at 
controlling the shear strength in sapphire-reinforced TiAl, interfacial shear behavior (i.e., 
both debonding and sliding) must be carefully characterized and analyzed through testing 
techniques. Finally, for a sapphire-reinforced composite to exhibit optimum performance, 
fiber damage must be minimized. 

In this chapter, the specific results of this study are presented and discussed. These 
results are grouped into three major sections: (1) interface microscopic characterization, (2) 
damage within fibers intersecting a free surface, and (3) fiber/matrix interfacial shear 
behavior. 

4.1. Interface Microscopic Characterization 

Before investigating the interfacial shear behavior of the three sappnire-reinforced 
TiAl composite systems in this study, a baseline was established by characterizing the 
microstructure of the interfacial region. This included: (1) phase distribution and grain size 
determination within the matrix (2) fiber surface characterization following composite 
fabrication, and (3) matrix microhardness measurement. 
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The Ti-48-1 and Ti-48-2-2 matrices selected for this study are two-phase alloys 
containing y-TiAl and a 2 -Ti 3 Al intermetallic phases. Following vacuum hot pressing 

matrix powder and sapphire fibers, the Ti-48-1 matrix exhibited a duplex microstructure, as 
shown in Figure 15a, consisting of 012 - and y-phases. In Figure 15b, the 0 C 2 *phase is 

more clearly delineated following the first stage of a two-stage etching procedure [91] 

(lactic etchant followed by Kroll's etchant) designed to reveal only the o^-phase after the 
first stage, and the grain structure and distribution of both ot 2 - and y-phases after the 
second stage (as shown in Figure 15c). Close examination of Figure 15b shows that 012 
precipitates outline the prior matrix powder particle boundaries (i.e., one particle boundary 
is arrowed). Figure 15c reveals that a fine, equiaxed y grain structure exists in this material 
with a grain size of approximately 2.5 p.m. Figure 16 is a backscattered electron SEM 
micrograph f from a polished and unetched Ti-48-1 specimen that clearly shows the 
distribution of aj (the light phase) and y (the gray phase), as well as the presence of < 1 

pm diameter particles (the black phase) that decorate the prior powder particle boundaries. 
Electron probe microanalysis (EPMA) showed that these particles are aluminum- and 
oxygen-rich, but titanium-depleted, indicating that they may be AI 2 O 3 . The distribution of 
AI 2 O 3 particles and 0 C 2 grains on the prior particle boundaries is a direct result of the 20 - 
fold increase in oxygen contamination that occurred during comminution of the matrix 
powder from an as-received size of -500 p.m to -45 p.m (i.e., see Table 2 in section 3.1). 
Since oxygen stabilizes the (X 2 -phase [12] and is concentrated on the powder particle 
surfaces, <X 2 will be stabilized on the prior particle boundaries following consolidation, and 
any excess oxygen will combine with A1 to form AI 2 O 3 . 

f The backscattered electron signal from a smooth, polished surface gives atomic number 
contrast with the phase of higher atomic number providing the higher (i.e., brighter) 
signal level [109]. 









M 


25kw 2.51k x 


0 y 0ie 


Figure 15. Typical photomicrographs showing the distribution of the £X 2 and y phases in 
the Ti-48Al-lV matrix following vacuum hot pressing, (a) SEM image, (b) 
optical image following etching with lactic etchant, and (c) optical image 
following two-stage lactic/Kroll's etching procedure. Note that (b) and (c) arc 
recorded from the same area. (corn, on next page) 








Figure 15. (cont.) 
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Figure 16. Backscattered electron micrograph of a polished and unetched Ti-48Al-lV 
specimen. The distribution of ot2 (light phase), y (gray phase), and small 
(i.e., <1 ^m) particles (black phase) are clearly shown. 
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Microstructural characterization of the uncoated sapphire/Ti-48-1 interfacial region 
shows that the fiber cross-section is somewhat serrated in appearance following composite 
fabrication (Figure 16 and 17). Figure 17 also reveals that voids may be present at the 
interface (arrowed) as well as a thin (i.e., < 1 |im) interphase zone adjacent to the fiber 
(also see Figure 16) that is speculated to be either: (1) y-phase as reported by Misra [59] in 
Ti-Al alloys containing less than 50 atomic % Mot (2) an amorphous reaction zone as 
observed by Das and Krishnamurthy [62] (also see section 2.5.1). It should be noted that 
the possible voids shown in this micrograph may be a result of preferential attack of the 
etchant at the fiber/matrix interface. However, the presence of voids at the interface and a 
serrated fiber surface is also in agreement with observations made by Das and 
Krishnamurthy [62] of sapphire-reinforced two-phase ct 2 + y composites. Evidence of A1 

and atomic oxygen dissolution from sapphire into two-phase TiAl-based matrices given by 
Misra [59], and Das and Krishnamurthy [62] could account for the thin region of y 
stabilized adjacent to the fiber [59], 

Further evidence of the severity of the fiber/matrix interaction in the uncoated 
sapphire/Ti-48-1 system is shown in Figure 18 following chemical removal of the matrix 
with a concentrated Kroil's reagent. Comparison between the as-received (Figure 18a) and 
as-consolidated (Figure 18b) liber surfaces shows that a reaction occurs that degrades (i.e., 
roughens) the fiber surface. Figure 19a shows the extent of fiber degradation at higher 
magnification. To verify that this is not an artifact of chemical attack on the fiber surface by 
the Kroil's reagent, an as-received fiber was "etched" under identical conditions. As 
shown in Figure 19b, examination of this fiber at the same magnification revealed a very 
smooth, clean surface. 

In contrast. Figures 20 and 21 show that the tantalum layer in the Ta-coated 
sapphire/Ti-48-1 system has two important effects: (1) it acts as a diffusion barrier 
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Figure 21. Surface of a Ta-coated sapphire fiber following hot pressing in the Ti-48Al-lV 
matrix and subsequent chemical removal of the matrix and tantalum coating. 
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between the matrix and fiber resulting in a much smoother fiber interface (compare Figures 
20a and b with Figures 15a and 17), the absence of voids at the interface (compare Figure 
20b with Figure 17), and a less degraded fiber surface (compare Figure 21 with Figure 
18b); and (2) it forms a 0.5 to 1.0 pm-wide interphase zone adjacent to the fiber (Figure 
20b) that is believed to be the more ductile P-Ti phase. Indirect evidence that the interphase 
zone is Ta-stabilized P-phase is given by the semi-quantitative concentration profile across 
the sapphire/Ta/Ti-48-1 interface shown in Figure 22 obtained from EPMA. This 
concentration profile shows that the initially 0.2 pm-thick Ta coating diffused =7.4 pm into 
the matrix with the highest Ta concentration appearing to be within =3.0 pm of the 
sapphire/Ta-coating interface. Furthermore, EPMA-derived elemental x-ray maps showed 
that an =2.25 pm-wide zone adjacent to the sapphire/Ta coating interface appears to be 
aluminum-depleted, but not oxygen-enriched. Since Ta is a P-phase stabilizer and a 
relatively high concentration of it diffused =3.0 pm into the matrix, it is reasonable to 
assume that the interphase zone is P-phase. This was also observed by Graves and 
Bampton [20] who found that a Ta coating on SiC fibers stabilized the P-phase in a Ti- 
46Al-3(Nb, V) matrix. 

Examination of the Ti-48-2-2 microstructure following composite fabrication 
(Figure 23) reveals that one difference between the Ti-48-1 and Ti-48-2-2 microstructures 
is the approximately 11 fold larger grain size in the Ti-48-2-2 alloy (i.e., compare Figure 
23 with Figure 15c). In addition, due to the much lower oxygen contamination of the Ti- 
48-2-2 matrix powder during processing (i.e., see Table 2 in section 3.1), the ot 2 -phase 

was not preferentially stabilized at the prior powder particle boundaries as was found in the 
Ti-48-1 matrix. This was verified by examining the Ti-48-2-2 matrix following etching 
with the lactic etchant. 
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Figure 23. Typical SEM micrograph of the sapphire-reinforced Ti-48Al-2Cr-2Nb 
microstructure following composite fabrication. 
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Figures 24a and b shows that a severe reaction occurs between uncoated sapphire 
and the Ti-48-2-2 matrix during composite fabrication. In addition to a serrated fiber 
surface, a reaction product forms at the interface. It appears to be discontinuous and may 
preferentially nucleate (or re-precipitate, if it is derived from dissolved AI 2 O 3 ) along the 

matrix grain boundaries (arrowed in Figure 24b). A discrete reaction product in the 
sapphire/two-phase (012 + y) TiAl system has not been reported by other investigators [59, 

62,110], even after long elevated temperature exposure times [59, 62]. 

One possible explanation for the development of this reaction product may be 
reaction of the matrix or fiber with residual contamination left behind at or near the 
fiber/matrix interface due to incomplete removal of: ( 1 ) the organic binder from the matrix 
during composite fabrication and/or ( 2 ) the protective organic coating from the as-received 
fibers during soaking in cold water prior to incorporation into the matrix. For example, 
evidence that the fiber/matrix bond characteristics are modified by the use of an organic 
binder in the matrix during composite fabrication has been reported by Bowman et al. [Ill, 
112] in the sapphire-reinforced NiAl system. Draper et al. [113] reported that the surface 
of sapphire fibers hot pressed in an organic binder-containing NiAl matrix were coated with 
carbon particles following extraction from the matrix. It is feasible that in a TiAl-based 
matrix, these carbon particles could lead to the formation of carbides (i.e., TiC or T^AIC) 

at the fiber/matrix interface. In addition, Trumbauer et al. [114] have shown that soaking 
as-received sapphire fibers in cold water to remove the protective, organic, Dow 
MethocelTM coating is not totally effective. 

Further evidence that a severe fiber/matrix reaction occurs in the sapphire/Ti-48-2-2 
system during composite fabrication is shown in Figure 25. The fiber surface, shown 
following chemical removal of the matrix by the concentrated Kroll's reagent, is very 












Figure 24. Evidence that a severe reaction occurs between uncoated sapphire and the Ti 
48Al-2Cr-2Nb matrix during composite fabrication, (a) Reaction product 
appears to be discontinuous and (b) may nucleate along matrix grain 
boundaries. 
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rough. The discrete reaction product that was viewed in cross-section in Figure 24 appears 
to remain attached to the fiber surface and unaffected by the etchant 

Finally, microhardness measurements using Vickers and Knoop indenters in the 
vicinity of the fiber/matrix interfacial region of all three composite systems revealed no 
detectable change in hardness (and, therefore, yield strength) as the interface was 
approached. However, as shown in Table 3, the Ti-48-1 matrix was found to be 17 to 
27% harder than the Ti-48-2-2 matrix. This is most likely due to the much greater 
concentrations of oxygen, nitrogen, and carbon interstitial elements in the Ti-48-1 matrix 
(see Table 2 in section 3.1). As shown in Table 3, the hardness of the Ti-48-2-2 matrix 
compares well with the value reported by Krishnamurthy [115] for a Ti-48Al-lTa matrix in 
a sapphire-reinforced composite. In addition, it is significant to mention that the level of 
oxygen and carbon contamination in the Ti-48Al-lTa matrix powder [115] was comparable 
to that in the Ti-48-2-2 matrix (see Table 2 in section 3.1). Krishnamurthy [115] also 
found no detectable change in hardness as the sapphire/Ti-48Al-lTa interface was 
approached. 


Table 3. Vickers and Knoop microhardness numbers (i.e., VHN and KHN 

respectively) measured in the matrix materials used for this study. Comparison 
is made with values measured by Krishnamurthy [115] in a Ti-48Al-lTa 
matrix. 


Matrix 

VHN (25 gm load) 

KHN (25 gm load) 

Ti-48Al-lV 

300 

400 

Ti-48Al-2Cr-2Nb 

250 

290 

Ti-48Al-lTa 


270-300 [115] 
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4.2. Residual Stresses and Resulting Damage within Fibers Intersecting a Free Surface 

The purpose of this portion of the research program is to illustrate that the 
combination of brittle fibers, significant tensile residual stress, and machining damage can 
result in longitudinal cracks (i.e., fiber splitting) when a fiber intersects a free surface. 
Assuming a well-bonded interface, FEM as well as exact elastic model predictions of the 
thermally-induced residual stress distributions in a sapphire fiber embedded within a TiAl 
matrix are presented for the case of a fiber intersecting a free surface. The computations 
predict a gradient of tensile stresses within the fiber such that given the relatively low 
fracture toughness of single crystal sapphire (i.e., see Table I in section 2.1), fiber splitting 
will occur as matrix material is removed. In addition, this section presents an experimental 
validation of the predicted stress state using indentation crack behavior within the sapphire 
fibers. 

4.2.1. Characteristics of Fiber Damage 

This portion of the research program was initiated by the observation that thin-slice 
specimens (i.e., 0.3 to 0.6 mm) of uncoated sapphire-reinforced Ti-48-1 contained fibers 
with cracks at their ends created by sectioning. Evidence that cricks were only at the ends 
of fibers intersecting a free surface (i.e., surface cracks) is given in Figure 26. Figure 26a 
is a reflected light micrograph showing an uncoated sapphire fiber embedded in the Ti-48-1 
matrix with its axis aligned normal to the specimen's surface. The specimen had been 
sectioned using a diamond wafering blade, ground flat, and polished to a 1 |im diamond 
paste finish. Other that a chip near the fiber's center, no other damage is visible. 

However, by transmitting light through the optically transparent fiber, the extent of damage 
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Figure 26. Evidence that cracks are only at the ends J fibers intersecting a free surface. 

(a) Reflected light micrograph and (b) corresponding micrograph formed using 
only light transmitted through the fiber. Focus at the same specimen's (c) 
middle and (d) opposite side. (corn, on next page) 
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Figure 26. (cont.) 
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in the form of cracks is made clearly visible at the fiber's end (Figure 26b). This 
observation highlights the requirement to closely examine fibers for the presence of cracks 
using transmitted light metallography before subsequent pushout testing because cracks 
within embedded fibers usually can not be seen using reflected light metallography alone. 
By focusing through the fiber, the fiber was examined for cracks along its entire length. 
Figure 26c is taken at the middle of the specimen, and as shown, cracks are not present at 
this depth. The only visible internal features within the fiber are the ring of shrinkage voids 
(arrowed) produced during sapphire fiber growth [38]. At the opposite side of the 
specimen (shown in Figure 26d), surface cracks are again clearly visible. In this manner, 
the average depth of surface crackss was found to be =25 pm. Regardless of several 
different cross-sectioning methods attempted to minimize the development of surface cracks 
(i.e., see section 3.3) and subsequent efforts to remove them by polishing, the observed 
damage could not be removed in the uncoated sapphire/Ti-48-1 system. In fact, even after 
removing tens of microns of material by grinding and polishing the specimen’s surface, the 
depth of surface cracks remained essentially unchanged. 

The extent of fiber fracture and crack orientation with respect to the fiber axis is 
shown in Figure 27 in which the matrix was chemically removed by etching with a 
concentrated Kroll's reagent. Crack depth measurements showed that incrementally 
removing the matrix along the fiber axis caused surface cracks to propagate, resulting in a 
"split" fiber as shown in Figure 27a. The zigzag crack path shown in Figure 27a appears 
to follow the rhombohedral planes, the preferred fracture planes in sapphire at room 
temperature 11 . Further evidence of the crystallographic nature of the fracture path is shown 

8 "Depth" is defined as the distance measured along the fiber's axis from the free surface 
to the crack tip. 

h The rhombohedral planes in sapphire have the lowest fracture surface energy at room 
temperature [34], 
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in Figure 28 which dramatically reveals a "saw-toothed" fracture surface. The average 
angle between the saw-toothed planes and the fiber axis (i.e., the c-axis of sapphire) is 
=59° (Figure 28b). This is in close agreement with 56° angles measured between 
rhombohedral planes and the c-axis in sapphire [38], Similar saw-toothed fracture surfaces 
were reported by Wiederhom [34] in room temperature fracture studies of sapphire using 
the double-cantilever-cleavage technique. He found that the jagged portions of the crack 
were bounded by rhombohedral planes [34], Tressler and Crane [35] also reported fracture 
along rhombohedral planes in c-axis oriented sapphire fibers extracted from a Ti-6A1-4V 
matrix following composite fabrication by vacuum hot pressing. Close examination of the 
fracture surface in Figure 28 b reveals the presence of several voids (arrowed) that may act 
as stress concentrations during fracture. As previously noted in section 2.2, shrinkage 
voids formed during growth of sapphire fibers lie along the rhombohedral planes [38]. 

On the other hand, Ta-coated fibers hot pressed in the same matrix (i.e., Ti-48-1) 
and under the same consolidation conditions as the uncoated fibers contained no cracks (for 
example, see Figure 21). Likewise, uncoated sapphire fibers in the multi-filament 
reinforced Ti-48-2-2 sample were not cracked during specimen preparation. An 
explanation for these observations in terms of relative fiber/matrix bond strength will be 
given in the next section. 

4.2.2. Computational Analysis of Thermally-Induced Residual Stress States 

A possible contributor to the fiber damage is the presence of residual tensile stresses 
within a fiber near a free surface. Separate computational analyses were performed to 
predict the thermally-induced residual stress states within a fiber given two different 
orientations with respect to a free surface. The case of a fiber intersecting a free surface 
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and with its axis normal to the surface is examined first. Later in this section, the case of a 
fiber very close to, or intersecting, a free surface and with its axis parallel to the surface 
will be examined. 

4.2.2.1. Finite Element Analysis and Experimental Validation of its Predicted Stress State 

In order to characterize the stress state in a fiber along its axis, axisymmetric finite 
element modeling (FEM) performed by Kallas [84] was used to emulate the actual thermal 
loading due to CTE mismatch during cool-down from the composite fabrication 
temperature' [93]. The element used for this analysis is a two-dimensional isoparametric 
element (ANSYS code) which has the capability of axisymmetric analysis [84], The 
elastic-plastic model assumes that: (1) the fiber intersects a free surface at right angles, (2) 
the fiber is perfectly bonded to the matrix at a well-defined interface, and (3) the TiAl 
matrix is a bi-linear, kinematic hardening material. The model accounts for the temperature 
dependence of the constitutive material properties (i.e., elastic modulus, yield strength, and 
thermal expansion). 

The temperature for the onset of significant residual stress build-up (i.e., the stress- 
free temperature) was assumed to be 800 °C based on the trends in data from elevated 
temperature compression tests of a Ti-48A1- IV alloy performed by Harbison [116]. At 
temperatures above 800 °C, he found that the yield strength and strain-hardening exponent 
decreased, and the strain-rate sensitivity increased [116]. These trends are indicative of the 
onset of time-dependent (i.e., creep) deformation. 


* All computations using this finite element model [84] presented in this section and in 
sections 4.3.1 and 4.3.3 were performed by Kallas at Penn State University. 
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Since the CTE of the matrix is greater than that of the fiber, the fiber is subjected to 
a compressive triaxial stress state when end effects are ignored (i.e., as in an analytical 
concentric cylinder model). However, as illustrated in Figure 29a, thermally-induced 
displacements of the matrix and fiber surfaces during cross-sectioning create a "dome¬ 
shaped" fiber end. Within it, thermoelastic residual stresses occur, resulting in a tensile 
triaxial stress state within the fiber. 

The profiles of radial and hoop stresses (i.e., stresses parallel to the free surface 
plane) within 127 pm diameter fibers at depths up to 20 pm from the free surface are 
illustrated in Figures 29b and c for a sapphire-reinforced TiAl composite with a 0.1 fiber 
volume fraction. Figures 29b and c show that: (1) at or near the free surface, a state of 
nearly equal biaxial tension exists and (2) the magnitude of the tensile stresses decrease 
rapidly with increasing depth, z, below the free surface. Experimental support of the 
presence of biaxial tension in the fiber's free surface is shown in Figure 30 of an uncoated 
fiber in Ti-48-1 cross-sectioned using a wire saw. This "mud cake" fracture pattern 
(Figure 30b) is characteristic of cracking in an equal biaxial tensile stress state. 

The FEM compulations suggest that, given a fiber of low toughness and the 
presence of a crack (e.g., a surface crack or flaw created during cross-sectioning or 
machining), the thermally-induced tensile stresses within the fiber may propagate the crack 
to a length dictated by the stress state and fracture toughness. Furthermore, subsequent 
removal of the matrix will cause the crack to propagate along the fiber, splitting it as the 
free surface and stress state are spatially displaced. A split fiber, such as shown in Figure 
27a, results. 

Finally, it is important to note that the magnitude of the residual stresses depends on 
not only the thermal expansion mismatch between constituents and the elastic/plastic 
properties of the interfacial region (namely, yield stress and ductility), but also the 
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Figure 29. Free arid sub-surface thermoelastic residual stress profiles in the fiber for a 

sapphire-reinforced TiAl composite with a 0.1 fiber volume fraction (predicted 
by FEM [84] and taken from [93]). (a) Fiber orientation showing the 
important role of the interfacial shear strength and resulting displacements of 
the matrix and fiber surfaces, (b) radial stress (an-), and (c) hoop stress(oQQ). 
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interfacial shear strength. As suggested by Figure 29a, large residual tensile stresses will 
develop within the fiber only if the fiber/matrix interface has a high shear strength. These 
results suggest that the magnitude of the thermally-induced tensile stresses can be decreased 
by: (1) using soft and/or ductile fiber coatings (e.g., tantalum) and (2) decreasing the shear 
strength of the interface. 

While the experimental observations of fiber damage are qualitatively in agreement 
with FEM predictions, indentation crack growth measurements provide experimental 
verification of the magnitudes of thermally-induced tensile stresses within the fiber near its 
end. The following relationship predicts the residual hoop stress profile as a function of 
depth (z) below the free surface as calculated by FEM (see Figure 29): 

CJ w (z) = 166.6(1 - 6.114 x 10 4 z + 4.520 x 10 *z + 3.675 x lO'V - 9.760 x JO 1 V)MPa. (14) 

By substituting equation (14) into equation (11) given in section 3.4, the dependence of K r 
(i.e., the stress intensity factor for a half-penny shaped crack subjected to a thermally- 
induced residual stress field) on crack length is plotted in Figure 31. As shown, the 
maximum value of K r occurs for a crack length of 41 pm, which is well beyond the point 

of maximum stress at the fiber surface (i.e., at z = 0). This is a consequence of 
determining the stress intensity factor by a weighted summation of stresses acting over the 
entire crack surface [117]. 

Using equations (9) and (10) given in section 3.4, the plots of Kj (i.e., the stress 
intensity factor for the same half-penny shaped crack subjected to the indentation contact 
residual stress field) and the total stress intensity, K, are also shown in Figure 31 as a 
function of crack length for a 4.9 N indentation load in sapphire/TiAl. These results are 
representative of similar data for the other three indentation loads. The fracture toughness 









Figure 31. Predicted stress intensity as a function of crack size in sapphire-reinforced TiAl 
for a 4.9 N indentation load. 
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of sapphire (i.e., Ki c ) in an inert environment of dry nitrogen gas was measured by 
Wiederhom [34] as 2.5 MPa-m^ which is represented by a horizontal line on the figure. 

Figure 31 indicates that the crack should propagate to a length of 33 pm (i.e., the 
value of c when K = Kj c ) and arrest, given the FEM-predicted, residual stress field and 

that induced by the indentation. This value lies between those measured for sapphire/Ti- 
48-2-2 (29.5 ± 6.5 pm, where ± one standard deviation is reported for 18 measurements) 
and Ta-coated sapphire/Ti-48-1 (44.7 ± 7.4 pm, where ± one standard deviation is 
reported for 4 measurements). 

This range of crack arrest lengths can be understood given the lower yield strength 
of the Ti-48-2-2 matrix and the lower interfacial shear strength in the sapphire/Ti-48-2-2 
system (i.e., see the fiber pushout test results presented in section 4.3.2) which suggest 
smaller thermally-induced residual stresses are present Thus, the smaller crack length at 
arrest. 

Reference to Figure 31 also shows that the maximum value of K r , 0.68 MPa-m^, 
is relatively small in comparison to the fracture toughness of sapphire, thus indicating that 
the thermally-induced residual stress intensity within a fiber near its end may not be 
sufficient to propagate surface cracks or flaws created during cross-sectioning. However, 
the fracture toughness value shown in Figure 31 was measured in an inert environment. It 
is well known that the presence of reactive species, especially water, significantly influence 
crack growth behavior in brittle materials [118]. This phenomenon can be explained by the 
weakening influence of the environment on the short-range interatomic bonds at the crack 
tip. This results in a lower, threshold stress intensity factor, Kp,, for crack propagation in 

the reactive environment [33]. For a wide variety of brittle materials tested in air (i.e., at 25 
°C and 60 ± 20% relative humidity), the ratio K t h a * r /Kj c is =0.7 ± 0.1 and is independent 
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of material [33]. Thus, K^ 1- for sapphire is *1.75 MPa-m^. Furthermore, the for 
sapphire in distilled water was measured by Cook [33] as 1.1 ± 0.05 MPa-m^. 

Figure 32 shows the importance of the lower, environmentally sensitive threshold 
stresj intensity factors since all materials were exposed to water during sample preparation 
and all indentation experiments were performed in air. For clarity, only the plots of K r and 

K are shown as a function of crack length for a 4.9 N indentation load. Figure 32 shows 
that: (1) the difference between K r and the values is small and (2) the predicted crack 
length in air or water (i.e., the value of c when K = K^) is much larger than those 
measured for sapphire/Ti-48-2-2 and Ta-coated sapphire/Ti-48-1. This suggests that 
smaller thermally-induced residual stresses exist within the ends of fibers in the 
sapphire/T'-48-2-2 and Ta-coated sapphire/Ti-48-1 systems than predicted in a perfectly 
bonded sapphire-reinforced TiAl composite modeled by FEM. This is in agreement with 
the experimental observation that only uncoated fibers embedded in Ti-48-1 contain cracks 
at their ends following cross-sectioning. It also suggests again that ductile fiber coatings 
(as in the Ta-coated sapphire/Ti-48-1 system) or a decreased interfacial shear strength (as in 
the sapphire/Ti-48-2-2 system) can decrease the thermally-induced tensile stresses and 
reduce or eliminate fiber damage. 

4.2.2.2. Exact Elastic Analysis of a Fiber Parallel to a Free Surface 

To illustrate further the significance of the redistribution of thermoelastic residual 
stresses in the vicinity of a free surface, the case of a fiber close to or just intersecting a free 
surface and with its axis parallel to the surface was analyzed using an exact elastic model 
developed by Lee, Jasiuk, and Tsuchida [ 119]. This situation can occur when cutting. 
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Figure 32. The plots of the predicted stress intensities K r and K as a function of crack size 
in sapphire-reinforced TiAl (4.9 N indentation load) showing the importance of 
the threshold stress intensity factors for sapphire in reactive environments. 











machining, or chemical etching operations remove matrix material near fibers oriented 
parallel to a free surface. 

The analysis, which is given in an infinite series form, assumes that (1) perfect 
bonding exists between fiber and matrix, (2) the matrix is elastically isotropic, and (3) the 
fiber is transversely isotropic (i.e., isotropic in the r-0 plane shown in Figure 33) [119], 

An application of the analysis) is based on the assumption that the thermally-induced 
residual stress states in the sapphire-reinforced TiAl system develop during a 775 °C cool¬ 
down from the composite's stress-free temperature. The geometry associated with this 
problem is illustrated in Figure 33. Here, a fiber of radius R, whose cross-section is 
shown in Figure 33, is located at a unit distance from the free surface [119]. Note that with 
this geometry, the axis of the fiber is oriented normal to the plane of the figure. The 
position of the fiber with respect to the free surface is varied by changing the value of R, 
the fiber's radius, while the distance from the fiber’s center to the free surface remains 
fixed at unity. For example, the fiber just intersects the free surface when R = 1 [119]. 

The radial (o n ) and hoop (gqq) stress profiles shown in Figure 34 were calculated 

for a single fiber, sapphire-reinforced TiAl composite at five different locations. As shown 
in Figure 33, these locations are: (1) in the matrix at the free surface (point M), (2) in the 
matrix at x = -R (point N), (3) in the fiber at x = -R (point N’), (4) in the fiber at x = +R 
(point P), ?r>d (5) in the matrix at x = +R (point P). The stress profiles shown in Figure 
34 show that the proximity of a fiber to a free surface significantly influences the thermally- 
induced stress distributions in both the fiber and matrix, especially when the fiber is less 
than one fiber diameter away from the free surface (as measured from the fiber’s center). 
This effect is most pronounced for the hoop stress component in the region of the matrix 

j All calculations using this analysis [119] were performed by Jasiuk at Michigan State 
University. 
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Figure 34. Thermally-induced residual stress profiles within a sapphire-reinforced TiAl 
composite as a function of the relative distance between a fiber and a free 
surface (predicted by exact elastic model), (a) Fiber and matrix radial stress 
(<%), (b) matrix hoop stress ( 099 ), and (c) fiber hoop stress ( 099 ) profiles 
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between the fiber and free surface and in the portion of the fiber that is closest to the free 
surface (i.e., points M, N, and N' shown in Figure 33). Thus, for a 160 |im diameter 
sapphire fiber, large tensile hoop stresses exist in and around the fiber when point N' on 
the fiber is less than 80 |im from the free surface. 

Similar results were found by Brockenbrough [120] in an elastic finite element 
analysis of the thermally-induced residual stress distributions in a particulate-reinforced Al- 
Si-Mg alloy due to the CTE mismatch between the aluminum alloy matrix and spherical 
silicon particles. Assuming a perfectly bonded interface, Brockenbrough’s FEM 
computations predict that, when a silicon particle is located very near a free surface, 
significant residual tensile stresses exist within the ( 1 ) region of the matrix between the 
particle and free surface, which can lead to matrix yielding, and ( 2 ) the portion of the 
particle closest to the free surface, which can result in particle fracture [ 120 ], 

Figure 34a shows that, as the fiber approaches the free surface, radial clamping 
stresses decrease. As a result, this increases the likelihood that, in the absence of chemical 
bonding, "near surface" fibers will pullout during composite failure. Residual hoop 
stresses within the matrix adjacent to a fiber are tensile when free surface effects are 
ignored (i.e., the fiber is far removed from a free surface) since the CTL of the matrix is 
greater than that of the fiber. However, when a fiber is near (i.e., < one fiber diameter) a 
free surface, the matrix hoop stresses within the region between the fiber and the free 
surface are amplified (i.e., see the oqq distributions for points M and N shown in Figure 

34b) while those within the region adjacent to the fiber but farthest from the free surface are 
unaffected (i.e., see the 099 distributions for point P in Figure 34b). One important 

implication of the matrix thermoelastic stress profiles shown in Figures 34a and b is that 
yielding, as well as possible crack formation in the low ductility TiAl matrix, will 
preferentially occur within the region between the fiber and the free surface. Even a 
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conservative calculation of the matrix equivalent stress k (based on von Mises' yield 
criterion) shows that it far exceeds the matrix yield stress of 400 to 630 MPa. As a result, 
the fracture resistance of the composite can be adversely affected during monotonic or 
cyclic loading if the outer ply of fibers is within a fiber diameter of the surface. 

Figure 34c indicates that the hoop stresses within the fiber (at point N') become 
tensile when the fiber's center is <1.4 fiber radii from the free surface. This corresponds to 
a distance of =32 pm from point N' to the free surface (i.e., see Figure 33) for a typical 
sapphire fiber embedded within a TiAl matrix. Although Figure 34c indicates that hoop 
stresses as high as 790 MPa can exist within the fiber when it just intersects the free surface 
(i.e., when R = 1), this value is unrealistic since matrix plasticity (not considered in this 
present analysis [119]) will limit the stress levels in both the fiber and matrix via stress 
relaxation in the matrix. Even so, experimental support for the existence of thermally- 
induced tensile hoop stresses within the fiber of sufficient magnitude to cause fracture 
within a fiber that intersects a free surface is shown in Figure 35. This figure shows a 
portion of an uncoated sapphire fiber that is partially embedded within the Ti-48-1 matrix 
and oriented nearly parallel to the free surface. The matrix was chemically removed to 
expose the fiber by etching with a concentrated Kroll's reagent. Evidence of a crack 
parallel to the fiber's axis, in the location of the fiber arrowed A in Figure 35a, is shown in 
Figure 35b. Careful examination of the exposed fiber revealed that this crack ran along its 
entire length. Examination of the fiber where it just intersects the free surface (arrowed B 
in Figure 35a) reveals the presence of two parallel cracks as shown in Figure 35c. It is 
important to note that these cracks do not follow a zigzag crack path as found when the 
fiber end was exposed normal to the free surface (i.e., see Figure 27a), but are straight. 

k Calculation of the equivalent stress within the matrix requires a knowledge of all three 
principal stress components. Although, the longitudinal stress was not calculated in this 
analysis, it is known that it is tensile. 
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Figure 35. Micrographs showing the extent of fiber fracture and crack orientation with 
respect to the axis of a sapphire fiber that is partially embedded within the Ti- 
48A1-1V matrix and oriented nearly parallel to a free surface, (a) SEM image 
of the fiber and high magnification views of locations arrowed (b) A and (c) B 
in (a), (cont. on next page) 
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This suggests that: (1) the thermoelastic stress state responsible for fiber fracture and (2) 
the manner in which the cracks initiate and propagate are fundamentally different from 
those that occur when a fiber intersects a free surface with its axis normal to the surface 
(i.e., see section 4.2.2.1). 

Figure 36 illustrates the stress state responsible for fiber fracture when a fiber just 
intersects a free surface (i.e., when R = 1 in Figure 33). In Figure 36b, the predicted hoop 
(<T 00 ) and radial (an-) stress profiles within a 160 pm diameter sapphire fiber are shown as 

a function of depth below the free surface (i.e., distance along the x-axis from point N' to 
P). This figure shows that: (1) at or near the free surface, high tensile hoop stress exists 
within the fiber and ( 2 ) the magnitude of the tensile stress decreases rapidly with increasing 
depth below the free surface. These computations suggest that, given a fiber of low 
fracture toughness and the existence of a surface flaw (e.g., a surface crack or flaw created 
during cross-sectioning, machining, or chemical interaction with the matrix during 
composite fabrication), the thermally-induced tensile hoop stress within the fiber may 
propagate the crack to a length dictated by the stress state and fracture toughness. 

Finally, it is important to note that the magnitude of the residual hoop stresses 
depends not only on the CTE mismatch between constituents and the elastic/plastic 
properties of the interfacial region, but also the interfacial shear strength. As suggested by 
Figure 36, large residual tensile hoop stresses will develop within the fiber only if the 
fiber/matrix interface has a high shear strength. This was verified in a separate analysis by 
Lee et al. [119] where the fiber/matrix interface was allowed to freely slide. Figure 37 
shows the interfacial shear stress (i^) as a function of angular distance, 9, around the 

fiber/matrix interface (i.e., see Figure 33) for a sapphire-reinforced TiAl composite when a 
fiber just intersects a free surface. Assuming a perfect fiber/matrix bond, this figure 
suggests that the shear stress is not uniform around the interface but peaks near 0 * 150°. 
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Figure 36. Thermoelastic residual stress profiles within a sapphire fiber when it just 
intersects a free surface, (a) Fiber orientation showing the stress state and 
important role of interfacial shear strength and (b) resulting hoop ( 099 ) and 
radial (o n ) stress profiles within a 160 pm diameter fiber. 
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Figure 37. Thermally-induced interfacial shear stress (Tj-q) as a function of angular 

distance, 9, around the sapphire/TiAl interface when a fiber just intersects a 
free surface. 
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If the fiber and matrix remain bonded, the shear stress will develop high tensile hoop 
stresses within the region of the fiber intersecting the free surface. 

In summary, this portion of the research program demonstrates that the combination 
of well-bonded brittle fibers, significant tensile residual stress, and surface flaws or cracks 
created within the fibers during machining or chemical interaction with the matrix (i.e., 
during composite fabrication) can result in fiber fracture when a fiber intersects a free 
surface. It is suggested that surface cracks within fibers can adversely affect the crack 
growth behavior of sapphire-reinforced TiAl composites during subsequent monotonic or 
cyclic loading in the transverse direction. Given two possible orientations of a fiber with 
respect to a free surface, and assuming a perfectly bonded fiber/matrix interface, finite 
element and exact elastic computations predict that significant thermally-induced tensile 
stresses exist in sapphire fibers embedded within TiAl-based matrices when they intersect a 
free surface. In both cases, the results suggest that the magnitude of the thermally-induced 
tensile stresses can be decreased by: (1) using soft and/or ductile fiber coatings and (2) 
decreasing the shear strength of the interface. 

4.3. Fiber/Matrix li.jrfacial Strength Behavior 

In the previous section, it was suggested that the magnitude of thermoelastic 
residual tensile stresses that develop within fibers intersecting a free surface is a sensitive 
function of the interfacial bond strength in sapphire-reinforced TiAl composites. It is also 
recognized that the fiber/matrix interfacial shear strength controls the strength and crack 
growth behavior of fiber-reinforced composites [68]. The purpose of this portion of the 
research program is to characterize the interfacial shear behavior in sapphire-reinforced TiAl 
composites during thin-slice fiber pushout tests. In order to fully understand the interfacial 
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failure process, finite element computations are used to predict the stress distributions along 
the interface during testing. 

4.3.1. Finite E 1 ement Computations of the Interfacial Stress Distributions 

The interfacial failure sequence that occurs during pushout testing of IMCs is a 
sensitive function of the overall stress distribution along the fiber/matrix interface. Since 
the typical thin-slice pushout test configuration (i.e., specimen supported over a hole or 
slot) results in specimen bending, the overall stress distribution is dependent on the 
interfacial shear strength, the magnitude of thermally-induced stresses, the indenter 
pressure (which controls the mechanical stresses), and the specimen thickness [68]. 

The stress distributions within the matrix adjacent to the fiber were computed by 
Kallas from the axisymmetric, elastic-plastic FEM model [84] previously described in 
section 4.2.2.1. The geometry of the model, loading arrangement, and boundary 
conditions were selected to emulate the actual fiber pushout specimen and test setup 
schematically shown in Figure 38. The analysis was performed over a range of indenter 
loads while assuming perfect bonding at the interface. The analysis includes two main 
steps: (1) determination of the thermally-induced residual stresses that develop during 
cool-down from the composite fabrication temperature and (2) determination of the 
mechanically-induced stresses that result from the indenter load on the fiber end [64]. 

The thermally-induced residual stress distributions within the matrix adjacent to the 
fiber are shown in Figure 39 as a function of position (z) along the fiber normalized with 
respect to specimen thickness (t). As shown in Figure 38, z = 0 denotes the specimen’s 
backface. In all cases, the stress components are conveniently expressed in terms of 
cylindrical polar coordinates due to the cylindrical symmetry of the fiber/matrix system 
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Figure 38. Schematic of the fiber pushout test configuration used for axisymmetric finite 
element modeling. 
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Figure 39. Thermally-induced residual stress distribution within the matrix adjacent to the 
fiber for a sapphire-reinforced TiAl composite with a 0.1 fiber volume fraction 
(predicted by FEM [84]). 
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(i.e., see Figure 1). In Figure 39, the interfacial stress components were computed for a 
sapphire-reinforced TiAl composite with a 0.1 fiber volume fraction and assuming the 
stress-free temperature as 800 °C (i.e., thermal residual stress build-up is computed over a 
780 °C temperature change). (See section 4.2.2.1 for the rationale used to select this 
temperature.) It is shown that, thermal loading alone is not sufficient to cause plastic 
deformation in the matrix, since the equivalent stress (based on von Mises’ yield criterion) 
is less than the matrix yield strength of =513 MPa. However, it is also important to note 
that significant radial clamping is predicted due to the sapphire/TiAl CTE mismatch. 

The predicted magnitudes of the mechanically-induced stresses (i.e., ignoring the 
thermally-induced residual stresses for the moment) within the matrix adjacent to the fiber 
are shown in Figure 40. As shown in Figure 38, the analysis was performed for a 350 nm 
thick specimen containing a 157 |im diameter fiber and supported over a 254 Jim diameter 
hole (i.e., support hole-to-fiber diameter ratio of=1.6). In addition, the analysis was 
performed over a range of indenter loads that correspond to the range of loads applied 
during actual pushout tests of the sapphire/Ti-48-2-2 and Ta-coated sapphire/Ti-48-1 
systems. 

As illustrated in Figure 40a, the mechanically-induced shear stress (x rz ) is not 
uniform along the fiber length, especially at loads <30 N, but peaks at a location 
approximately one fiber radius below the topface (where the "topface" is the side of the 
specimen where the indenter is loaded onto the fiber). At higher loads, however, the shear 
stress becomes more uniform along the entire interface as a result of matrix plasticity (i.e., 
see Figure 40d). Figures 40b and c show that significant radial and hoop stresses are 
generated as a result of specimen bending. Most notable is the development of large tensile 
radial stresses on the specimen's backface opposite the indenter that may initiate mode I 
cracks at the fiber/matrix interface. The implications of this to the observed interfacial 
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Figure 40. MechanicaFy-induced stress distributions within the matrix adjacent to the fiber 
for several indenter loads on a sapphire-reinforced TiAl pushout specimen 
(predicted by FEM). (a) Shear stress (x c ), (b) radial stress (<%), (c) hoop 
stress (C 0 Q), and (d) equivalent stress (a), (cont. on next page) 























113 


failure sequence will be discussed in the next section. Finally, Figure 40d shows that the 
predicted values of the equivalent stress (a) peak near the specimen's topface and increases 
with increasing indenter load. This should result in matrix plastic deformation (i.e., a = 

Oy of TiAl) near the topface at a load of =30 N. Such local deformation should 

subsequently spread along the entire interface at higher loads. 

The interfacial failure sequence that occurs during fiber pushout testing, however, 
is a consequence of the combination of the thermal and mechanical stress states shown in 
Figures 39 and 40. Since the finite element computations must take matrix plasticity into 
consideration, these stress states can not be simply added to obtain the overall stress state. 
The combined thermal and mechanical interfacial stress distributions within the matrix 
adjacent to the fiber are plotted in Figures 41a and b for a thermal cool-down of 780 °C and 
indenter loads of 20 and 30 N respectively. Due to wide-spread matrix plasticity along the 
interface, the finite element code (i.e., a limited capability ANSYS code) could not 
accurately calculate combined thermal and mechanical stress distributions for indenter loads 
greater than 30 N (i.e., due to the prohibitively large number of required iterations). 

A comparison between Figures 41 and 40 illustrates that the presence of thermally- 
induced stresses due to the thermal expansion mismatch between constituents has a 
significant effect on the overall interfacial stress distributions. The most notable effect is a 
consequence of the opposite sign of the thermally- and mechanically-induced shear stress 
components near the specimen's top and backface (i.e., compare t rz shown in Figures 39 
and 40a). As shown in Figure 41, the nsi effect is to decrease the T rz value near the 
indenter and increase it at the backface. 

The overall interfacial stress distributions shown in Figure 41 suggest that 
interfacial failure may occur by the initiation of a mode I and/or mode D debond crack at the 
specimen's backface. This is especially true at an indenter load of 20 N where both radial 
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Figure 41. Combined thermal and mechanical interfacial stress distributions within the 
TiAl matrix for a thermal cool-down of 780 °C and indenter loads of (a) 20 N 
and (b) 30 N on a sapphire-reinforced TiAl pushout specimen. 
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and shear stress components peak near the backface with approximately the same 
magnitude (i.e., see Figure 41a). As expected, the radial stress is compressive along most 
of the fiber length, except near the specimen's backface where bending-induced tensile 
stresses dominate. However, the net shear stress component near the backface is actually 
larger than (i.e., at a 20 N indenter load) or the same (i.e., at a 30 N load) as that near the 
topface. Therefore, it is possible that interfacial failure may occur by the initiation of a 
mode n debond crack at the backface rather than the topface as is normally assumed in 
"thick-slice" specimens. Finally, it is important to note (1) the large tensile hoop stresses in 
the matrix along the fiber, especially at the specimen’s backface, and (2) the nearly constant 
value of equivalent stress that occurs along the entire interface. 

4.3.2. Interfacial Failure Sequence 

Computational analysis of and experimental results from the thin-slice fiber pushout 
test reported by Koss et al. [68] for both MMCs and IMCs suggest that specimen bending 
can complicate the interpretation of results and create interfacial failure sequences that are 
test dependent. Most notable among these factors is the development of tensile bending 
stresses on the specimen's backface (i.e., opposite the indenter) that may initiate mode I 
cracks at the fiber/matrix interface [68]. To examine interfacial failure in the present 
sapphire-reinforced TiAl system, tests were performed using two configurations: (1) 
specimens supported over a hole with a diameter =1.6 times that of the fiber (i.e., see 
Figure 38) and (2) a back-plated configuration with a support hole the same size and shape 
as the fiber's cross-section. The latter configuration eliminates the specimen bending 
responsible for the large radial and hoop stresses shown in Figure 40. The results for tests 
performed using a support hole with a diameter =1.6 times that of the fiber will be 
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presented in this section. Later, in section 4.3.4, comparison of these results with those 
without specimen bending will be presented. 

Fiber pushout testing of Ta-coated sapphire/Ti-48-1 specimens supported over a 
hole with a diameter =1.6 times that of the fiber resulted in an average interfacial shear 
strength (i.e., maximum load recorded during fiber pushout divided by the interfacial area) 
of 336.3 ± 11.2 MPa 1 . However, in the sapphire/Ti-48-2-2 system, a much lower average 
interfacial shear strength, 170.5 ± 22.3 MPa 1 , was measured, nearly half of the value 
measured for the Ta-coated sapphire/Ti-48-1 interface. Since the fibers in specimens of the 
uncoated sapphire/Ti-48-1 system were cracked, partly due to the high interface strength 
(i.e., see the discussion in section 4.2.2), fiber pushout testing of this system was 
impossible. To gain a more clear understanding of why the average interfacial shear 
strengths differ by nearly a factor of two, the interfacial failure sequence was carefully 
characterized in each system. This was accomplished by SEM examination and SLM 
surface profile measurements of top and backface fiber displacement at incremental loads 
up to large-scale fiber displacement/load-drop. 

4.3.2.I. Interfacial Failure Sequence in the Tantalum-Coated Sapphire/Ti-48Al-1 V System 

Figure 42 shows a typical load versus cross-head displacement plot recorded during 
testing of a 0.35 mm thick Ta-coated sapphire/Ti-48-1 specimen. Based on the scanning 
electron microscope (SEM) examination and scanning laser microscope (SLM) fiber 
displacement measurements, the failure sequence has been divided into five regions as 
shown. The specimen is loaded elastically in region 1. At a load of =35 N, a 
circumferential interface crack initiates on the specimen’s backface (i.e., opposite the 


1 In all cases, ± one standard deviation is reported for 3 to 5 tests. 
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Cross-Head Displacement (pm) 


Figure 42. Typical load-displacement behavior of the Ta-coated sapphire/Ti-48Al-l V 
system during fiber pushout testing. 
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indenter) along approximately 25% of the fiber's perimeter. This occurrence is manifested 
by a small (=0.25 pm) displacement of the fiber above the matrix on the backface along that 
portion of the fiber's perimeter where the crack exists. However, there was no detectable 
change in specimen compliance at this load. SLM surface profile measurements made at all 
other locations around the perimeter of the fiber, both on the specimen's top and backface, 
showed no other evidence of fiber displacement For example. Figure 43 shows that at the 
same location on the fiber's perimeter, displacement of the fiber occurs on the backface 
(Figure 43a), but not on the topface (Figure 43b). Two factors combine to explain this net 
fiber displacement: (1) the fiber and matrix are elastically compressed and stretched 
respectively in the axial direction due to their CTE mismatch and a strong interfacial bond, 
and therefore, (2) the introduction of an interface crack at =35 N causes the fiber and matrix 
to partially relax to their unconstrained lengths over the debonded region. Thus, the 
magnitude of net fiber displacement above the matrix on the backface is a semi-quantitative 
measure of the debond crack length up along the interface. Details on the calculation of 
backface debond crack length based on this measurement will be given in section 4.3.3. 

Two important conclusions can be made about the manner in which interfacial 
failure occurs during thin-slice fiber pushout testing of the Ta-coated sapphire/Ti-48-1 
system: (1) interfacial failure initiates at the backface of the specimen opposite the indenter, 
not near the topface as assumed for "thick-slice" specimens and by current models of the 
fiber pushout test, and (2) the debond crack does not initially encompass the entire 
perimeter of the fiber. As a result of the thin-slice geometry of the specimen and magnitude 
of the thermally-induced residual stresses, the overall interfacial stress state dictates that 
interfacial failure should initiate on the backface. Reference to the overall interfacial stress 
distributions shown in Figure 42b (i.e., thermal cool-down of 780 °C and indenter load of 
30 N) suggests that a mode I crack initiates on the backface at a load of =35 N since it 








119 


(a) 



Figure 43. Micrographs of scanning laser microscope surface profile measurements made 
at the (a) backface and (b) topface, but at the same position on the fiber 
perimeter, of a Ta-coated sapphire/Ti-48Al-1V specimen during region 2 load- 
displacement behavior. 
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appears that bending-induced, radial tensile stresses dominate over shear stresses as the 
indenter load increases. However, since significant shear stresses also exist near the 
specimen's backface, initiation of a mode II crack on the backface can not be completely 
ruled out. This issue will be discussed in detail later. 

In region 2, the circumferential interface crack on the backface grows around the 
fiber's perimeter and up along the interface in a mixed-mode I and II manner due to the 
large radial and shear stress components near the backface (i.e., see Figure 41). However, 
in the Ta-coated sapphire/Ti-48-1 system with the "high" interfacial shear strength, the 
crack does not propagate around the entire fiber perimeter. Instead it deviates into the 
matrix as shown in Figure 44a, presumably due to large tensile hoop stresses in the matrix 
(i.e., as shown in Figure 41a) and the apparently high normal bond strength/fracture 
resistance of the interface. This is in agreement with the high interfacial debond toughness, 
i.e., Ti = 16.2 J/m^, reported by Evans et al. [72] for the TiAl/sapphire interface. (For 
comparison, the value of Tj reported for within a carbon coating on SiC is =0.1 J/m^ 

[72].) The morphology of the resulting radial crack following large-scale fiber 
displacement is shown in Figure 44b. 

Evidence from SLM surface profile measurements made during the latter stages of 
region 2 load-displacement behavior also indicates that a small circumferential mode II 
'.- erface crack initiates on the topface along approximately 25% of the fiber's perimeter. 
This may be explained by the increase in shear stress within the bonded ligament that exists 
between the backface debond crack tip and specimen's topface as the crack propagates up 
from the backface. The redistribution of stresses along the interface, as a result of the crack 
tip stress field as well as the decreased ligament length, promotes such interfacial shear. 

Region 3 begins at P’, or approximately 57 N (see Figure 42), where the load- 
displacement plot deviates from linearity, indicating increased specimen compliance due 
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Figure 44. Evidence that the interfacial crack on the backface of a Ta-coated sapphire/Ti- 
48A1-1V specimen deviates into the matrix instead of propagating around the 
fiber’s perimeter. SEM micrographs showing crack morphology (a) during 
region 2 load-displacement behavior and (b) following large-scale fiber 
displacement. 
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primarily to topface displacement of the fiber with respect to the matrix. At P', the average 
applied interfacial shear stress was found to be 311.9 ± 22.1 MPa from 5 tests of the Ta- 
coated sapphire/Ti-48-1 system. In this region, the circumferential interface cracks on both 
the specimen's top and backface grow around the fiber and along the interface. As P max * s 

approached, the top and backface cracks grow together but don't extend entirely around the 
fiber's perimeter. To characterize this "partial debond" scenario, SLM surface profile 
measurements of fiber displacement were made during region 3 load-displacement behavior 
of 3 separate tests. These measurements (to be presented in section 4.3.3) indicate that in 
all 3 tests the fiber appears to be debonded along its entire length, but only around 50 to 
60% of its perimeter. The remaining interface ligament, however, remains bonded from 
the back to topface. This unusual scenario gives further evidence that the Ta-coated 
sapphire/Ti-48-1 interface has an apparently high bond strength/fracture resistance. 

The above sequence, that was observed in all tests, is illustrated in the SEM 
examination and SLM surface profile measurements of a Ta-coated sapphire/Ti-48-1 
specimen whose test was interrupted just before large-scale fiber displacement/load-drop 
occurred (i.e., the test was interrupted at an average applied interfacial shear stress of 338 
MPa). At the 12 to 3 o'clock position on the perimeter of this fiber m , SEM examination of 
the topface shows that a mode II interface crack doesn't extend entirely around the fiber's 
perimeter, but terminates at the location arrowed in Figure 45a. Several SLM surface 
profile measurements were made along the fiber perimeter shown in Figure 45a. At the 1 
o'clock position on the fiber's perimeter, where the mode II debond crack exists. Figure 
45b shows that the fiber's topface is displaced 0.40 |im below the matrix. However, at the 
3 o'clock position, where the fiber and matrix remain bonded, topface fiber displacement 


m Positions around the perimeter of each fiber tested are conveniently designated by 
imagining the cross-section of the fiber as the face of a clock. 
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Figure 45. Characterization of interfacial failure during region 3 load-displacement 

behavior of a Ta-coated sapphire/Ti-48Al-lV specimen, (a) SEM micrograph 
of the specimen's topface, and corresponding micrographs of SLM surface 
profile measurements at (b) 1 o'clock on topface, (c) 3 o'clock on topface, (d) 
3 o'clock on backface, (e) 9 o'clock on topface, and (0 9 o'clock on backface. 
(corn, on next 2 pages) 
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does not occur as shown in Figure 45c. In addition, a SLM surface profile measurement 
on the specimen's backface and at the same 3 o'clock fiber perimeter location also shows 
no fiber displacement (i.e., see Figure 45d), thus confirming that the fiber/matrix interface 
still remains bonded from back to topface, even near P max . However, as shown in 

Figures 45e and f, surface profile measurements of top and backface fiber displacement at 
the 9 o'clock position on the perimeter of this same fiber suggest that the fiber is debonded 
along its entire length. A 0.88 }im displacement of the fiber topface below the matrix (i.e., 
shown in Figure 45e) and 1.31 pm displacement above the matrix on the backface (i.e., 
shown in Figure 450 yields a 0.43 |im net fiber displacement. As will be shown in section 
4.3.3, this net displacement is close to what is expected if the interface were to be 
debonded along its entire length, allowing both fiber and matrix to relax to then- 
unconstrained lengths. 

Finally, examination of the SLM micrographs of the Ta-coated sapphire/Ti-48-1 
system shown in Figures 45c and d reveals that, during region 3 load-displacement 
behavior, permanent plastic deformation of the matrix occurs at both the specimen's top 
and backface in the region adjacent to that portion of the fiber's perimeter which remains 
bonded to the matrix up to Pmax- This most likely results from the increased applied load 
and a reduced load-bearing ligament which acts to concentrate the shear stress (t^) as well 
as the equivalent stress (c) components in a 23 to 47 pm wide strip of material adjacent to 
the bonded fiber/matrix interface [121] during region 3 load-displacement behavior. From 
several other SLM surface profile measurements of matrix deformation adjacent to the 
bonded interface ligament, an average shear strain (y) in this strip of matrix at P m ax was 

calculated using: 
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Depth 

Width’ 


(15) 


where "depth" is the surface profile depth measurement and "width" is the width of the 
deformed strip of material (i.e., from the "width" measurements shown in Figures 45c and 
d). Measurements from 5 specimens' top and backfaces yield a plastic shear strain of 
approximately 0.03 within the strip of matrix adjacent to the bonded interface ligament 
The deformation of the matrix during region 3 load-displacement behavior occurs 
under increasing loads and increased debonding/crack growth along the interface. At 
maximum load, large-scale fiber displacement occurs. Examination of the specimen’s 
topface following large-scale fiber displacement shows that during interface shear in the 
remaining bonded ligarn...., the topface interfacial crack deviates into the fiber and leaves a 
bonded fiber fragment adhering to the matrix as shown in Figure 46. This observation was 
made in 4 out of 5 specimens and gives further evidence of the high bond 
strength/interfacial fracture resistance within the Ta-coated sapphire/Ti-48-1 system. As 
shown in Figure 42, large-scale fiber displacement is accompanied by a large load-drop as 
well as a large acoustic signal (region 4) followed by elastic re-loading and frictional fiber 
sliding (region 5). Immediately following load-drop the average fiber sliding stress in the 
Ta-coated sapphire/Ti-48-1 system was found to be 172.8 ± 58.2 MPa from 3 tests. The 
large load-drop indicates that a significant amount of elastic strain energy was required to 
propagate an interface crack and completely debond the interface. It also highlights the 
large difference in magnitude between the fiber/matrix debond stress (Xdebond = 336.3 
MPa) and fiber sliding stress (x s iide = 172.8 MPa) of the interface. 
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Figure 46. Evidence that the topface interfacial crack deviates into the fiber and leaves a 
bonded fiber fragment adhering to the matrix during interface shear in the 
remaining bonded ligament. 
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4.3.2.2. Interfacial Failure Sequence in the Sapphire/Ti-48Al-2Cr-2Nb System 

Typical load versus cross-head displacement response of a 0.31 mm thick 
sapphire/Ti-48-2-2 specimen is shown in Figure 47. Again, the failure sequences can be 
divided into the same five similar regions as before, but with the following distinct 
differences. At a 15 N load, a circumferential interface crack initiates on the specimen’s 
backface. This backface crack, however, quickly propagates around the fiber's entire 
perimeter (as indicated by SLM surface profile measurements of backface fiber 
displacement). This occurrence, coupled with the lower load required for backface crack 
initiation, indicates that a lower interfacial bond strength/fracture resistance exists in the 
sapphire Ti-48-2-2 system. Again, there was no evidence of an interfacial crack on the 
specimen's topface during region 2 load-displacement behavior. Reference to the overall 
interfacial stress distributions shown in Figure 41a (i.e., thermal cool-down of 780 °C and 
indenter load of 20 N) suggests that interfacial failure may occur by the initiation of either a 
mode I or mode n debond crack at the specimen's backface since both radial and shear 
stress components peak near the backface with approximately the same magnitude. 

At P’, or approximately 18 N (see Figure 47), the load-displacement plot deviates 
from linearity and is frequently accompanied by a slight (i.e., ~1 N) load-drop. The 
average applied interfacial shear stress at P was found to be 123.2 ± 10.5 MPa from \ 
tests of the sapphire/Ti-48-2-2 system. At this load, a mode II circumferential interface 
crack initiates at the topface and quickly grows around the fiber's entire perimeter, leaving 
no bonded fiber/matrix ligament as in the Ta-coated sapphire/Ti-48-1 system. During the 
early stages of region 3 load-displacement behavior, the interface crack(s) subsequently 
propagatc(s) along the entire interface, resulting in a totally debonded fiber. Again, this is 
verified by comparing the net fiber and matrix displacement found via SLM surface profile 








Load (N) 


130 



Figure 47. Typical load-displacement behavior of the sapphire/Ti-48Al-2Cr-2Nb system 
during fiber pushout testing. 
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measurements of the specimen’s top and backface with what is expected if the interface 
were debonded along its entire length, allowing both fiber and matrix to relax to their 
unconstrained lengths (i.e., see section 4.3.3). Therefore, unlike the Ta-coated 
sapphire/Ti-48-1 system, region 3 load-displacement behavior in sapphire/Ti-48-2-2 occurs 
by stable fiber displacement (i.e., < 1.5 to 2.0 pm) of the debonded fiber with increasing 
load up to P max . 

Given the very rough fiber surface that results from severe fiber/matrix reaction 
during composite fabrication of this system (i.e., see Figure 25), it is postulated that fiber 
surface asperities lock the fiber in place, thus requiring plastic deformation of the matrix in 
the interfacial region before large-scale (i.e., > 1.5 to 2.0 pm) fiber displacement can take 
place. Reference to the overall interfacial stress distributions shown in Figure 41 suggests 
that, at the beginning of region 3 load-displacement behavior (i.e., when the applied 
indenter load = 20 N), the equivalent stress (a) is less than the matrix yield strength u-e., 
Oy = 513 MPa) along the entire interface. However, as the indenter load is increased to 
P max , the equivalent stress increases along the entire interface to a point where matrix 
plasticity occurs and large-scale fiber displacement results. However, due to a weak 
interface bond and a lower load required for large-scale fiber displacement, matrix 
deformation does not occur in a strip of material (i.e., 20 to 40 pm wide) adjacent to the 
fiber as in the Ta-coated sapphire/Ti-48-1 system, but is localized to a layer of material 
(i.e., < 1 pm wide) through which the rough fiber surface must be "plowed." As shown in 
Figure 48, examination of the matrix wall following fiber pushout shows that large-scale 
fiber displacement requires localized matrix plasticity in the form of grooves to 
accommodate asperities on the fiber surface. 

Finally, as shown in Figure 47, large-scale fiber displacement is accompanied by 
little or no load-drop followed by frictional sliding of the fiber. Immediately following 









132 



Figure 48. SEM micrograph of the topface of a sapphire/Ti-48Al-2Cr-2Nb specimen 
following fiber pushout shows that large-scale fiber displacement requires 
localized matrix plasticity to accommodate asperities on the fiber surface. 
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load-drop, the average fiber sliding stress was found to be 145.8 ± 9.5 MPa from 3 tests. 
The small load-drop indicates that only a small amount of elastic strain energy was stored in 
the fiber prior to failure. This gives further evidence that the fiber was debonded along its 
entire length prior to P max only held in place by mechanical interlocking with the 

matrix. The relatively small difference in magnitude between the fiber/matrix debond stress 
(Tdebond = 170.5 MPa) and the fiber sliding stress (x^e = 145.8 MPa) indicates that the 
transition from fiber debond to fiber sliding during interfacial shear is a nearly continuous 
process. 

4.3.2.3. Comparison of Interfacial Failure Behaviors 

The thin-slice fiber pushout test results for the Ta-coated sapphire/Ti-48-1 and 
sapphire/Ti-48-2-2 systems are summarized in Table 4. The markedly different interfacial 
failure behavior characterized during testing of these two composite systems can be 
explained in terms of differences in: (1) fiber/matrix chemical interaction during composite 
fabrication and (2) matrix plasticity in the interfacial region. In the Ta-coated sapphire/Ti- 
48-1 system, fiber/matrix chemical interaction results in a strong interfacial bond and 


Table 4. Summary of the thin-slice fiber pushout test results for the Ta-coated 
sapphire/Ti-48 Al-1V and sapphire/Ti-48Al-2Cr-2Nb systems. Test 
configuration was such that the support hole-to-fiber diameter ratio was =1.6. 
In all cases, ± one standard deviation is reported for 3 to 7 tests. 


System 

t A vG @ p ’ 

x A VG @ p max 

T slide 

Ta-coated sapphire/Ti-48Al-lV 

311.9±22.1 MPa 

336.3111.2 MPa 

172.8158.2 MPa 

Sapphire/Ti-48 Al-2Cr-2Nb 

123.2110.5 MPa 

170.5122.3 MPa 

145.819.5 MPa 
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relatively smooth fiber surface (i.e., see Figure 21). While in the sapphire/Ti-48-2-2 
system, fiber/matrix chemical interaction results in a relatively weak interfacial bond and 
very rough fiber surface (i.e., see Figure 25). 

Further evidence of little or no fiber/matrix chemical bonding in the sapphire/Ti-48- 
2-2 system is shown in Figure 49. Here it is shown that a piece of fiber fell out of the 
matrix (arrowed) when the sample was cut along the fiber axis. One possibility for the 
weak interfacial bond in ihe sapphire/Ti-48-2-2 system is that the organic binder mixed 
with the matrix during composite fabrication prevents fiber/matrix chemical bonding and, 
as a result, gives rise to the much lower measured interfacial shear strength in this system. 
Similar behavior was found in the sapphire-reinforced NiAl system by Bowman et al. 
[111,112]. Using the fiber pushout test, they found that the sapphire/NiAl interface was 
"weak" (i.e., average interfacial shear strengths ranging from 20 to 80 MPa) when the 
matrix contained an organic binder during composite fabrication. However, when the 
composite was fabricated without an organic binder in the matrix, they found that the 
average interfacial shear strengths were significantly greater (i.e., > 250 MPa) [111]. The 
weak interface may be a result of carbon particles that Draper et al. [113] found to coat the 
sapphire fibers' surface following hot pressing in an organic binder-containing NiAl 
matrix. Although chemical microanalysis was not performed to verify the presence of 
carbon particles on the fiber's surface in the sapphire/Ti-48-2-2 system, it is feasible that, if 
carbon particles are present, they could prevent fiber/matrix chemical bonding yet result in a 
discrete interfacial reaction product (e.g., carbide precipitates) that leads to a rough fiber 
surface. 

The yield strength and ductility of the material adjacent to the fiber as well as the 
amount of matrix plasticity required for large-scale fiber displacement appears to differ 
significantly in these two composite systems. Examination of the matrix wall following 







Figure 49. SEM micrograph of a sapphire/Ti-48Al 2Cr-2Nb specimen that was cut along 
a fiber axis. Note the hole that resulted when a piece of the fiber fell out of the 
matrix. 
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pushout of the Ta-coated sapphire/Ti-48-1 system (i.e., see Figure 50) shows that fiber 
displacement requires less matrix plasticity in the form of grooves to accommodate 
asperities on the fiber surface. This is probably due to: (1) a smoother fiber surface and 
(2) a 17 to 27% higher matrix hardness. Perhaps more significant is the presence of 
numerous interfacial cracks in the matrix shown in Figure 50 that suggest low ductility in 
this region. The high yield strength and low ductility of the Ti-48-1-matrix in the region 
adjacent to the fiber is probably a result of: (1) the high level of oxygen, nitrogen, and 
carbon contamination in the matrix (i.e., see Table 2) and (2) the presence of Ta-stabilized 
P-phase. Since the yield strength of P-Ti alloys can be approximately twice that of TiAl- 
based alloys, the yield strength of the strip of material (i.e., 1 to 3 pm wide) immediately 
adjacent to the fiber may be significantly higher than that of the rest of the matrix. 

Further evidence that a considerable amount of localized matrix plasticity occurs 
during large-scale fiber displacement in the sapphire/Ti-48-2-2 system is shown by 
comparing Figures 51a and b. These SEM micrographs were taken of the matrix wall in 
samples where the fiber was pushed =100 pm out of the matrix and subsequently pushed 
=60 pm back in the reverse direction (i.e., the fiber was nol pushed-back as far as its 
original position). Not only do these micrographs show that considerably more plastic 
grooving occurs in the sapphire/Ti-48-2-2 system (i.e., shown in Figure 51a) than in the 
Ta-coated sapphire/Ti-48-1 system (i.e., shown in Figure 51b), but they also give an 
indication of matrix ductility in the interfacial region. Close examination of Figures 51a 
and b reveals that, as the fiber was pushed back in the reverse direction, matrix material 
was plowed out in front of it, analogous to material plowed out in front of a cutting tool in 
a machining operation. The continuous ribbons of material plowed out of the Ti-48-2-2 
matrix is characteristic of a ductile material (i.e., see Figure 51a). The discontinuous chips 
of Ti-48-1 material shown in Figure 51b, however, are characteristic of brittle materials 
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Figure 50. Evidence of less plastic grooving and the occurrence of numerous interfacial 
cracks in the matrix following fiber pushout testing of a Ta-coated sapphire/Ti- 
48A1-1V specimen. 
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Figure 51. Comparison of the amount of matrix plasticity that occurs during fiber pushout 
and push-back testing of: (a) sapphire/Ti-48Al-2Cr-2Nb and (b) Ta-coated 
sapphire/Ti-48Al-1V. 
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which cannot withstand the high shear strains imposed in a machining process without 
fracture [122], 

Examination of the fiber surface following pushout testing of a sapphire/Ti-48-2-2 
specimen shown in Figure 52a gives further evidence of the important role of matrix plastic 
deformation during interfacial shear failure. Comparison of this micrograph with the 
appearance of the fiber surface following hot pressing in the matrix and subsequent 
chemical removal (i.e., see Figure 25) suggests that fiber surface asperities remove matrix 
material from the interface during fiber pushout. However, microanalysis of the fiber 
surface was not performed to confirm this observation. In contrast, the appearance, as well 
as energy-dispersive x-ray microanalysis, of the sapphire/Ti-48-1 specimen (shown in 
Figure 52b) reveals that very little matrix material remains on the fiber during interfacial 
shear. 

In Figures 52a and b, it is also significant to compare the magnitude of mode I 
crack opening displacement that occurs on the backface of these two specimens. Since 
significantly higher indenter loads (i.e., ~2 times greater) are required to cause interfacial 
failure in the Ta-coated sapphire/Ti-48-1 system, much larger tensile bending stresses 
develop on the specimen's backface resulting in a mode I circumferential crack opening 
displacement as shown in Figure 52b. On the other hand, interfacial failure in the 
sapphire/Ti-48-2-2 system may occur by the initiation of either a mode I or mode D debond 
crack on the specimen’s backface since the magnitude of both radial and shear components 
are approximately equal at the lower indenter loads required for crack initiation (i.e., see 
Figure 41a). Indeed, very little or no circumferential crack-opening displacement is visible 
at the fiber/matrix interface shown in Figure 52a. 







Figure 52. The backface of fiber pushout specimens showing the fiber surface following 
testing, (a) Sapphire/Ti-48Al-2Cr-2Nb and (b) Ta-coated sapphire/Ti-48Al-lV 
systems. 
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4.3.3. Analysis of Top and Backface Fiber Displacement Measurements 

As discussed in the previous section, SLM surface profile measurements of fiber 
displacement at incremental loads up to complete fiber debond prove to be very important in 
characterizing the interfacial failure sequence during thin-slice fiber pushout testing. As 
shown in the previous sections, these measurements establish both the load and the location 
at which interface cracks initiate. As will be shown in this section, these measurements 
also (1) support the scale of the FEM-predicted thermally-induced residual stress states in 
the fiber and matrix and (2) allow quantitative estimates of the debond crack length. 

Following each interrupted pushout test (i.e., a test that was stopped before load- 
drop/large-scale fiber displacement occurred), very accurate measurements of fiber 
displacement with respect to the matrix on the specimen’s top (Sq*) and backface (8 b) were 

obtained using the 1LM11 Scanning Laser Microscope (see section 3.6). These 
displacements are shown schematically in Figure 53, and their measurements are given as a 
function of average applied interfacial shear stress in Tables 5 and 6 for the Ta-coated 
sapphire/Ti-48-1 and sapphire/Ti-48-2-2 systems respectively. In Tables 5 and 6 results 
are shown from fiber pushout tests that used a 254 |im diameter support hole and a hole the 
same size and shape as the fiber’s cross-section (i.e., via electroplating nickel onto the 
specimen's backface). In this section, attention is given to the results from tests that used 
the 254 pm diameter support hole. In the following section, results from tests using the 
second type of specimen support configuration will be examined. 

First, it is important to note that the pel fiber displacement measured with respect to 

the matrix (8) is due to contributions from both the fiber and the matrix relaxing to their 

r 

unconstrained lengths over the debonded region of length i (i.e., u zz and u zz shown in 
Figure 53). Next, in order to give quantitative meaning to the displacement measurements. 
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Figure 53. Schematic illustration of a thin-slice fiber pushout specimen following a test 
that was stopped prior to load-drop/large-scale fiber displacement. The 
displacements (83 and 5^) of the partially debonded fiber are exaggerated 
relative to the specimen's thickness in order to add emphasis. 
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Table 5. Fiber displacement measurements (made with respect to the matrix) as a 

function of average applied interfacial shear stress (taVG) during pushout 
testing of the Ta-coated sapphire/Ti-48Al-lV system. Measurements were 
made at 3,6,9, and 12 o'clock positions around the perimeter of the fiber, 
(cont on next page) 


Tests conducted with a 254 pm diameter support hole 


Sample # Applied t AV0 (MPa) Topface Dfaplacemenc 


Backface Displacement 
8 b (pm) 


13 


13 


13 


17 


17 


230.3 


318.8 


338.3 


224.2 


258.9 


0.02 



0.12 



0.85 



0.43 



0.12 


0.23 
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Table 5. (cont.) 


Sample # 


Tests conducted with a 254 pm diameter support hole 

»_i- . _ > Topface Displacement Backface Displacement 

Applied t AVG (MPa) 5 B (^) 


12 


16 




^0^ 





305.0 

0.06 ( 

T 

)° 

0.57 ^ 

B 

)° 



^003^ 



0.51 




^0^ 



^j0^ 


307.2 

o.io( 

T 

)° 

0.36 ( 

B 

)° 



0.21 



0.38 



_ Tests conducted with a nickel back-plate _ 

Sample# Applied t AVO (MPa) Topf^splacemem Backface Displacement 



0 


0.39 
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Table 6. Fiber displacement measurements (made with respect to the matrix) as a 

function of average applied interfacial shear stress (TaVG) during pushout 
testing of the sapphire/Ti-48Al-2Cr-2Nb system. Measurements were made at 
3,6,9, and 12 o'clock positions around the perimeter of the fiber, (cont. on 
next page) 


Tests conducted with a 254 pm diameter support hole 


Applied Tavg (MPa) 


Topface Displacement 
87 (Mm) 


Backface Displacement 
(Mm) 


80.0 


97.3 


133.3 


155.5 




0.66 


1.11 
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Table 6. (corn.) 


Tests conducted with a nickel back-plate 


a i„ /wo \ Topface Displacement Backface Displacement 

Applied t avg (MPa) ^ 5 B (pm) 


of T jo 


0 B 0 


101.5 


0 T 0 


0.24 B J 0.25 


123.4 


0.02 ( T ) 0 


0.37 ( b ) 0.44 


141.6 


0.51 T 0.57 


0.85 B 0.99 


152.9 


0.48 T 0.61 


1.08 B 1.22 







an expression that relates the net fiber displacement (8) to the debond crack length (() is 
required. As a starting point, the generalized form of Hooke’s law can be used to express 

f 

the axial strain in the fiber ( e zz ) as: 



(16) 


where (= 351 GPa) and v*" (= 0.3) are the fiber's elastic modulus and Poisson's ratio 

f f f 

respectively [32]; and rr zz , and <7qq are the thermally-induced residual stress 
components within the fiber. By substituting the definition of normal strain: 


a ~ dz ' 


(17) 


into equation (16) and rearranging, a simple expression relating axial fiber displacement 

f 

(u zz ) to the debond crack length (() is obtained: 


u 


r 

ZZ 



(18) 


u 


r 

ZZ 




(19) 


It is important to note that equation (19) gives axial fiber displacement for the case where all 
three residual stress components within the fiber are relaxed over its debonded length. 
However, it is expected that the matrix surrounding the debonded length of fiber will 
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constrain the transverse stress components, an- and Oqq , from fully relaxing. In fact, the 

only portion of the debonded length of fiber where all three stress components may fully 
relax is that length at the specimen's backface which extends out of the matrix and is not in 
physical contact with the matrix due to the presence of a mode I crack. Given the small 
measured displacements (i.e., 8 < 1.5 pm) in Tables 5 and 6, it is reasonable to assume 
that this portion of the debonded length is negligible in comparis i to the entire debonded 
length of fiber. Therefore, assuming that only the axial residual stress component (cr zz ) 
may relax over the debonded length of fiber, equation (19) reduces to: 

( 20 ) 

In addition, for a debond crack of length (, a similar expression for axial matrix 
displacement (u™) is given by: 


u 


m 

zz 



( 21 ) 


where E m (= 174 GPa [26]) and v m (= 0.3 [28]) are the matrix's elastic modulus and 
Poisson's ratio respectively. 

The interfacial failure sequences described in section 4.3.2 reveals that interfacial 
failure initiates at the specimen's backface in both the Ta-coated sapphire/Ti-48-1 and 
sapphire/Ti-48-2-2 systems. Furthermore, during region 2 load-displacement behavior, the 
backface crack subsequently propagates up along the fiber/matrix interface before shear 
displacement occurs at the topface. Therefore, it is of special interest to estimate the length 






of the backface debond crack during region 2 load-displacement behavior. An expression 
that relates the D£i measured backface displacement ( 83 ) to the corresponding debond crack 
length (f 3 ) is given by the sum of equations ( 20 ) and ( 21 ): 


< 5 b 



( 22 ) 


For several reasons, however, equation (22) is an inaccurate description of the 
relationship between the measured value of 83 (from Tables 5 and 6 ) and the predicted 
backface debond crack length (( 3 ). First, the thermally-induced residual stress component 
(o zz ) is not constant, but is a function of distance (z) along the fiber/matrix interface (e.g., 
see Figure 39). Perhaps more importantly, however, is that equation (22) fails to consider 
"frictional" resistance to fiber displacement along the debonded interface. Given the degree 
of radial clamping and fiber surface roughness in these composite systems. Coulomb 
friction and fiber/matrix mechanical interlocking must be considered. As a result, the axial 
residual stress components (c^) within the fiber and matrix cannot fully relax along the 

debonded interface. Finally, consideration must also be given to the fiber displacement that 
occurs on the backface while the indenter load is applied during testing. As the mechanical 
load is applied to he fiber's topface, fiber/matrix interface debonding and subsequent fiber 
displacement occurs at the specimen's backface as a consequence of the combined 
mechanical and thermal stress state. During unloading, some fiber displacement occurs in 
the reverse direction. If a frictionless interface is assumed, the net backface displacement 
measured after the load is removed should be a result of only thermal stress relaxation (in 
both the fiber and matrix) over the debonded interface. On the other hand, "frictional" 
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resistance to fiber sliding during unloading will result in a measured net displacement that 
includes a contribution from the mechanical stress after the load is removed. 

Since the magnitude of the "frictional" resistance to fiber sliding is unknown and 
since it governs the amount of net backface displacement, rigorous predictions of the 
backface debond crack length (^g) are impossible. However, quantitative estimates can be 

made using equation (22) assuming (1) no "frictional" resistance to fiber sliding, (2) the 
values of the thermally-induced residual stress components (ct zz ) within the fiber and the 

matrix are independent of position along the interface, and (3) both fiber and matrix are 
elastically isotropic. 

If t g is set equal to the specimen thickness (t) and the average FEM predicted, 
axial residual stress components (<J ZZ ) within the fiber and matrix" are substituted into 
equation (22), an estimate of the Qgi axial fiber/matrix displacement can be made for the 
situation where the fiber is debonded along its entire length. In Figures 54 and 55, this 
estimate is compared with the value of 8g - from SLM displacement measurements 

made during interrupted pushout tests (i.e., see Tables 5 and 6). (Note that the 
measurements plotted in Figures 54 and 55 are plotted from tests that were performed using 
a support hole and a nickel back-plated configuration, respectively.) The difference 
between the back and topface displacement measurements, i.e., the value of 8g - 8q\ is the 

m easured net displacement that both the fiber and the matrix undergo as they relax to their 
unconstrained lengths along the debonded interface (i.e., see Figure 53). Comparison of 
the estimated with the measured net displacement values also supports the scale of the FEM 
predicted stress state. For example, as shown in Figure 54, the 8g - Sq- value for a fiber 


" The average thermally-induced, axial residual stress components (o a ) within the fiber 
and the matrix adjacent to the fiber for a sapphire-reinforced TiAl composite with a 0.1 
fiber volume fraction were predicted to be 235.7 MPa (compression) and 105.8 MPa 
(tension), respectively, by Kallas {84], 


Figure 54. Net axial fiber/matrix displacement measurements (i.e., the differences 
between 8 g and 87 given in Tables 5 and 6 ) as a function of average 
interfacial shear stress applied during interrupted pushout tests performed 
using a support hole configuration. For comparison, an estimate of net 
displacement is shown for the situation where the fiber is debonded along its 
entire length. 
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Figure 55. Net axial fiber/matrix displacement measurements (i.e., the differences 
between 8g and &r given in Tables 5 and 6) as a function of average 
interfacial shear stress applied during interrupted pushout tests performed 
using a nickel back-plated configuration. For comparison, an estimate of net 
displacement is shown for the situation where the fiber is debonded along its 
entire length. 
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tested beyond P m ax 0- e - 2 fiber that must be debonded along its entire length) in the 
sapphire/Ti-48-2-2 system closely agrees with the estimated value. 

For the Ta-coated sapphire/Ti-48-1 system, only the net displacement 
measurements made at fiber perimeter positions where the interface was debonded are 
plotted in Figure 54. The remaining interface ligament appears to remain bonded from the 
back to the topface up to loads approaching P max 25 indicated by the absence of 

displacement at these perimeter positions (i.e., see Table 5 and section 4.3.2.1). For the 
Ta-coated sapphire/Ti-48-1 system, Figure 54 reveals that the measured net fiber/matrix 
displacement remains constant and equals the estimated net displacement for a fiber 
debonded along its entire length (=0.47 pm) at loads greater than P' (i.e., at P’, TaVG = 

312 MPa for the Ta-coated sapphire/Ti-48-1 system). This suggests that, at loads greater 
than P', fibers are debonded along their entire length, but only around 50 to 60% of their 
perimeter in the Ta-coated sapphire/Ti-48-1 system. Similarly, for the sapphire/Ti-48-2-2 
system, a comparison of the net estimated fiber/matrix displacement for a fiber debonded 
along its entire length (=0.40 pm) with the measured net displacement (see Figure 54) 
suggests that fibers are debonded along their entire length at loads greater than P' (i.e., 
X AVG =123 MPa for the sapphire/Ti-48-2-2 system). Unlike the Ta-coated sapphire/Ti- 

48-1 system, however, the fiber is completely debonded around its entire perimeter in 
sapphire/Ti-48-2-2 at loads greater than P. 

For tests using the nickel back-plated support configuration, examination of Figure 
55 suggests that fibers within the sapphire/Ti-48-2-2 system are also debonded along their 
entire length at loads greater than P' (where taVG 2t P is = 125 MPa). This result will be 

discussed further in the next section. Since only one interrupted pushout test using the 
nickel back-plate support configuration was performed on the Ta-coated sapphire/Ti-48-1 
system, the results are not shown in Figure 55. 
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Furthermore, making the assumptions previously mentioned (i.e., no ’’frictional" 
resistance to fiber sliding), quantitative estimates of backface debond crack length can be 
made by substituting the average FEM predicted, axial residual stress components (a^) 
within the fiber and matrix (i.e., see footnote n), and solving for £g in equation (22). The 
purpose here is to estimate backface crack lengths before shear displacement occurs on the 
topface which signals the onset of complete interface debonding (but only around 50 to 
60% of the fiber’s perimeter in the Ta-coated sapphire/Ti-48-1 system). Therefore, these 
estimates are based on the backface displacement measurements given in Tables 5 and 6 for 
average applied interface shear stress levels corresponding to indenter loads less than P’. 

Backface debond crack length estimates, normalized with respect to specimen 
thickness (i.e., fg/t), are given in Tables 7 and 8 as a function of average applied 

interfacial shear stress for the Ta-coated sapphire/Ti-48-1 and sapphire/Ti-48-2-2 systems 
respectively. For both composite systems, the estimates suggest that the backface debond 
crack may propagate over half of the total distance up along the fiber/matrix interface before 
a mode II crack initiates on the topface. However, due to the oversimplified assumption of 
no "frictional" resistance to fiber sliding used in evaluating equation (22), these estimates 
must be regarded with caution. Regardless, crack propagation up from the backface in turn 
increases the shear stress within the bonded ligament that remains between the debond 
crack tip and specimen's topface. This is a result of the crack tip stress field as well as the 
decreased ligament length. As a result, a mode II debond crack subsequently initiates at the 
specimen's topface near the indenter. 








155 


Table 7. 


Sample # 


13 




17 


17 


16 


Sample # 


30 


Normalized backface debond crack length (lg/t) estimates as a function of 
average applied interfacial shear stress (tavq) during region 2 load- 
displacement behavior of the Ta-coated sapphire/Ti-48Al-lV system. 
(Estimates were made at 3,6,9, and 12 o'clock positions around the perimeter 
of the fiber.) 

Tests conducted with a 254 pm diameter support hole 


Applied TavG (MPa) Normalized crack length (/g/t) 


230.3 


224.2 


258.9 


307.2 


0.91 

0.65 0 


0 

0 



0.57 



0.52 

0 


0.93 


B 0 


0.88 


0 


Tests conducted with a nickel back-plate _ 

Applied (MPa) Normalized crack length (/g/t) 


279.0 


0.71 


0 



0.52 


0.92 
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Table 8. 


Normalized backface debond crack length (lg/t) estimates as a function of 
average applied interfacial shear stress (TaVG) during region 2 load- 
displacement behavior of the sapphire/Ti-48Al-2Cr-2Nb system. (Estimates 
were made at 3,6,9, and 12 o'clock positions around the perimeter of the 
fiber.) 


Tests conducted with a 254 pm diameter support hole 


Applied t A yQ (MPa) 


Normalized crack length (/g/t) 



Tests conducted with a nickel back-plate 


Applied t A YQ (MPa) 


Normalized crack length (/g/t) 


78.8 


101.5 


123.4 



0.75 
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4.3.4. Influence of Specimen Bending on Interface Shear Behavior during Thin-Slice 

Pushout Testing 

It has been suggested that interface shear behavior during thin-slice pushout testing 
is likely to be particularly sensitive to the distribution of both radial and shear stress 
components along the the fiber/matrix interface [105]. Consequently, radial stresses 
induced by specimen bending may influence: (1) the sequences leading to interfacial failure 
and (2) the measured interfacial shear strength value. 

Results reported in section 4.3.2 were from pushout tests performed using a 
support hole-to-fiber diameter ratio of=1.6. Although this ratio is smaller than what is 
typically used by other researchers (i.e., typically >2), large racial tensile stresses can still 
develop on the specimen's backface due to specimen bending as indicated by FEM 
computations shown in Figure 40b. Thus, it is possible that the large radial tensile stresses 
may initiate mixed mode I/n interface cracks on the specimen's backface [68], As a result, 
the measured interfacial shear strength values may be influenced by the magnitude of the 
bending-induced stresses. Unfortunately, the magnitude of the bending stresses depends 
not only on specimen configuration (i.e., specimen thickness and support hole-to-fiber 
diameter ratio) but also on the applied load, which in turn is sensitive to the interfacial shear 
strength of the composite system [105]. 

Since it is possible that specimen bending during thin-slice pushout testing may 
create failure sequences that are unique to a specific test configuration and, as a result, 
complicate the observed results, a more accurate test is one that eliminates specimen 
bending [68], In this research program, this was accomplished through a nickel (Ni) 
electroplating procedure [105] that produces a support hole exactly the same size and shape 
as the fiber's cross-section. Experimental evidence that suggests that the Ni "back-plating” 
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procedure is successful in eliminating specimen bending is shown in Figure 56. In both 
Figures 56a and b, the backface of Ta-coated sapphire/Ti-48-1 specimens are shown 
following large-scale fiber displacement Since high indenter loads are required to cause 
interfacial failure in this system, large tensile stresses develop on the specimen's backface 
when supported over the 254 pm diameter hole, thus the =1 pm-wide, mode I, crack 
opening displacement observed in Figure 56a results. However, when supported over a 
hole exactly the same size and shape as the fiber's cross-section (i.e., via Ni back-plating), 
no observable mode I crack opening displacement occurs (Figure 56b). 

A comparison of the measured interfacial shear strengths (i.e., average values) at P' 
and P m£l x from thin-slice specimens supported over a 254 pm diameter hole and a hole 

exactly the same size and shape as the fiber's cross-section is shown in Table 9. The 
significant difference between these two test configurations is the elimination of bending- 
induced tensile stresses on the specimen's backface when supported by a Ni back-plate. 
Reference to the measured values of TAVG al p an d Pm ax f° r the Ta-coated sapphire/Ti- 
48-1 system indicates that eliminating bending-induced tensile stresses actually lowers 
these values, especially at P'. This is an unexpected result since bending-induced stresses 


Table 9. Effect of test configuration: comparison of results with (i.e., use of a support 
hole-to-fiber diameter ratio of =1.6) and without (i.e., use of a Ni back-plate) 
specimen bending. In all cases, ± one standard deviation is reported for the 
number of tests shown in parentheses. 


Sapphire/Ti-48Al-2Cr-2Nb Ta-coated sapphire/Ti-48Al-lV 



Support hole 

Ni plate 

Support hole 

Ni plate 

TAVG at P (MPa) 

123 ± 10 (4) 

125 ± 16 (6) 

312 ±22 (7) 

240 ±30 (4) 

T AVG at p max ( MPa ) 

170 ±22 (3) 

166 ±17 (4) 

336 ± 11 (5) 

294 ± 14 (3) 
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Figure 56. The fiber/matrix interface on the backface of Ta-coated sapphire/Ti-48AI-1V 
specimens following large-scale fiber displacement. Specimens were 
supported over (a) a 254 pm diameter hole and (b) a hole exactly the same size 
and shape as the fiber's cross-section. 
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at the backface are believed to initiate fiber/matrix failure by mixed-mode crack growth. 
Therefore, it has been proposed that eliminating specimen bending and backface mode I 
cracking should increase the loads necessary for interfacial shear [68]. 

In addition, limited experimental evidence from one interrupted pushout test 
indicates that the interfacial failure sequence in the Ta-coated sapphire/Ti-48-1 system 
characterized during testing over a 254 Jim diameter support hole is unaffected when 
specimen bending is eliminated. The SLM surface profile measurements of fiber 
displacement on a Ni back-plated specimen (i.e., see Table 5) indicate that, just as in tests 
using a 254 pm diameter support hole: (1) interfacial failure initiates on the specimen's 
backface and (2) the backface debond crack appears to propagate over half of the total 
distance up along the fiber/matrix interface before a mode II crack initiates on the topface 
(i.e., also see Table 7). Furthermore, Figure 57a shows that, during the last stages of 
interfacial failure in a Ni back-plated specimen, the topface interfacial crack deviates into the 
fiber and leaves a bonded fiber fragment adhering to the matrix. This behavior was 
observed in 2 out of 3 Ni back-plated specimens of the Ta-coated sapphire/Ti-48-1 system. 
Figure 57b is a corresponding SLM surface profile measurement made at a fiber perimeter 
position similar to that shown in Figure 57a (but from another Ni back-plated specimen). 
Examination of this micrograph reveals that plastic deformation of the matrix occurs in the 
region adjacent to the bonded fiber fragment (arrowed). From several other SLM surface 
profile measurements of matrix deformation at the specimen's topface adjacent to the 
bonded interface ligament, the average plastic shear strain in an =26 pm wide strip of 
matrix at P m ax was calculated to be =0.02 from using equation (15). (This is an average 

value from measurements made on a total of 3 specimens.) This plastic shear strain value 
is similar to the value of =0.03 previously calculated in Ta-coated sapphire/Ti-48-1 
specimens supported over a 254 pm diameter hole (i.e., see section 4.3.2.1). Thus, these 
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Figure 57. Evidence that the interfacial failure sequence in the Ta-coated sapphire/Ti-48Al- 
IV system is unaffected by test configuration, (a) A fiber fragment remains 
bonded to the matrix and (b) a corresponding surface profile measurement 
reveals that matrix deformation occurs in the region adjacent to the bonded 
fiber fragment. 
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observations substantiate that: (1) the general interfacial failure sequence in the Ta-coated 
sapphire/Ti-48-1 system is unaffected by the absence of specimen bending and (2) the 
fiber/matrix interface is not weakened by possible chemical attack during the 
photolithographic and electroplating procedures. 

Reference to the values of TAVG at P ^d Pmax given in Table 9 for the 
sapphire/Ti-48-2-2 system indicates that test configuration (i.e., with or without specimen 
bending) has no effect on the measured values. In addition, evidence from SLM surface 
profile measurements of fiber displacement indicates that there is no change in the 
interfacial failure sequence (i.e., from that previously described in section 4.3.2.2) when 
specimen bending is eliminated. Comparison of fiber displacement measurements on 
samples tested with and without specimen bending (i.e., see Table 6) show that regardless 
of test configuration: (1) interfacial failure initiates on the specimen's backface at 
approximately the same average applied interfacial shear stress value, (2) the backface 
debond crack appears to propagate over half of the total distance up along the fiber/matrix 
interface before a mode II crack initiates on the topface (i.e., also see Table 8), and (3) the 
fiber is debonded along its entire length at indenter loads greater than P' (i.e., also see 
Figure 55). 

Insight into why the measured values of t,\VG at P' and Pmax arc lowered in the 
Ta-coated sapphire/Ti-48-1 system and unaffected in the sapphire/Ti-48-2-2 system when 
pushout tests are performed using Ni back-plated specimens can be gained by considering 
the influence of support hole-to-fiber diameter ratio on the mechanically-induced stress 
states within the matrix adjacent to the fiber. This has been studied by Kallas [84,105] in 
the sapphire-reinforced NiAl system using the same finite element model as described in 
sections 4.2.2.1 and 4.3.1. The results of this study are shown in Figure 58 (taken from 
Koss et al. [105]). Comparison of Figure 58a (support hole-to-fiber diameter ratio of 2) 
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Radial 

Hoop 

Shear 

Equivalent 




Figure 58. The influence of support hole-to-fiber diameter ratio on the mechanically- 
induced stress distributions within the matrix adjacent to the fiber for tne 
sapphire/NiA1 system (taken from Koss et al. [ 105]). Indenter load is 22 N 
and the support hole-to-fiber diameter ratios are (a) 2 and (b) 1. 
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with Figure 58b (support hole-to-fiber diameier ratio of 1) indicates that specimen support 
over a Ni back-plate results in stress distributions similar to support over a larger (i.e., 254 
pm diameter) hole except for: (1) the absence of radial tensile stresses at the specimen's 
backface and (2) the increase in shear stress near the topface, but more notably at the 
backface of the specimen [105]. The sharp increase in shear stress at the backface is 
probably due to stress concentration at the Ni plate's edge. Although the elastic and plastic 
properties of the NiAI matrix differ from those of TiAl, the general trends in mechanical 
response shown in Figure 58 may also be assumed to occur in the sapphire/TiAl system. 

In view of the fact that the elimination of radial bending stresses and an increase in 
shear stresses (most notably at the specimen’s backface) decreases the measured x^VG 
values at P' and P ma x i n die Ta-coated sapphire/Ti-48- i sys^n, it appears that the criterion 
for interfacial shear failure is: (1) based on the maximum she ;*r stress at the interface [123] 
and (2) not as sensitive to the development of radial tensile stresses induced by specimen 
bending as initially believed. Furthermore, examination of the mechanically-induced and 
the combined thermal and mechanical interfacial stress states plotted in Figures 40a and 41 
respectively reveals that large radial tensile stresses induced by specimen bending develop 
only along the bottom 5% of the fiber/matrix interface. Thus, the influence of these 
bending-induced stresses on the overall interfacial shear behavior may not be very 
significant 

Since the magnitude of the mechanically-induced interfacial shear stress at the 
specimen's backface (i.e., shown in Figure 58b) scales with indenter load, its relative 
influence on interfacial shear behavior will depend on the applied load, which in turn is 
sensitive to the interfacial shear strength of the composite system. Thus, for IMCs with a 
weak or moderate fiber/matrix bond strength which require a relatively low indenter load to 
initiate a backface interfacial crack (e.g., the sapphire/Ti-48-2-2 system), the influence of 
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the mechanically-induced interfacial stress component modified by the specimen support 
configuration (i.e., shear stress for Ni back-plated specimens and radial stress for 
specimens supported over a hole) is relatively small. As a result, the interfacial failure 
sequences and measured shear strength values for weakly to moderately bonded systems 
are relatively insensitive to the specimen support configuration. Even in composite systems 
with a relatively high interfacial bond strength, e.g., the Ta-coated sapphire/Ti-48-1 
system, the influence of the type of specimen support employed during thin-slice pushout 
testing is not as important as initially believed. 

4.3.5. Contribution of Matrix Plasticity to the "Frictional" Sliding Resistance of Debonded 
Fibers 

In an attempt to quantify the shear behavior of a fiber/matrix interface in brittle 
matrix composites, both mechanics and experimental approaches have separated the 
interfacial shear process into two distinct events: (1) interface debonding characterized by 
an average interfacial shear strength (i.e., TAVG at Pmax) ar >d (2) subsequent large-scale 
fiber displacement described by a "frictional" sliding stress 0 (i.e., x^e) [72,77,78]. In 
the previous sections, attention was focused primarily on the interfacial failure sequences 
that lead to complete fiber debond (usually accompanied by a load-drop). This is usually 
interpreted in terms of fiber/matrix interface crack initiation and propagation, resulting in 
small-scale (< 1.5 to 2.0 pm) fiber displacement. In this section, results from large-scale 
fiber pushout and reverse push-back tests, coupled with SEM examination of the 

0 The term "frictional sliding stress" is commonly used to describe the interfacial shear 
stress that resists large-scale fiber displacement following complete fiber debond. For 
most MMCs and IMCs, however, the sliding stress is not purely frictional, i.e., in order 
to accommodate asperities on the fiber surface, it must be of sufficient magnitude to 
plastically deform the matrix. 
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fiber/matrix interface, are used to address the "frictional" sliding resistance of debonded 
fibers and its role in interface wear/degradation when matrix plasticity occurs. 

The large-scale "frictional" sliding behavior of debonded fibers during pushout and 
reverse push-back testing was similar in both the Ta-coated sapphire/Ti-48-1 and 
sapphire/Ti-48-2-2 systems. In both systems, the average fiber sliding stress (t s ii(j e ) was 

found to be =160 MPa (from 6 tests) immediately following load-drop, but, after fiber 
displacements totaling =180 pm, x s lide decreased to values ranging from 50 to 80 MPa 

(from 2 tests). Typical fiber sliding behavior during pushout and reverse push-back tests is 
shown in Figure 59. In order to account for the continuous change in interfacia] area 
during large-scale fiber displacement, the interfacial shear stress (i.e., indenter load divided 
by the instantaneous interfacial area) is plotted as a function of cross-head displacement in 
this figure for a sapphire/Ti-48-2-2 specimen. An examination of the sliding stress 
response during forward pushout reveals that, following complete fiber debond (which 
signals the onset of large-scale fiber displacement), T s iide decreases rapidly with increasing 

fiber displacement Upon loading the fiber in the reverse direction, the stress increases 
until fiber displacement resumes. Again, x s iide decreases with increasing fiber 

displacement, but at a slower rate. 

By considering the generalized fiber sliding law proposed by Liang and Hutchinson 
[78] (see equation (8)), a decrease in x s ijde rnay be explained in terms of a decrease in the 
constant friction term (x 0 )p or the radial clamping stress ((%) or both. In previous studies 

of SCS-6 (SiC) fiber-reinforced glass and metal matrix composites [85-87] (i.e., see 
section 2.7), the observed decrease in x s iide during continued fiber displacement was 
accounted for by a decrease in x 0 and (% due to the fracture and wear of the outer carbon 

p As previously noted in section 2.7, Mackin et al. [85] suggested that the constant friction 
term, x 0 , is the sliding stress that would be experienced by the fiber if (% = 0, i.e., x 0 
is governed by the surface roughness of the fiber. 
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Figure 59. Typical fiber sliding behavior during pushout and reverse push-back tests of a 
sapphire/Ti~48Al-2Cr-2Nb specimen. In order to account for the continuous 
change in interfacial area during large-scale fiber displacement, interfacial shear 
stress is plotted as a function of cross-head displacement. 







168 


coatings on the SCS-6 fiber. (One exception was proposed by Mackin et al. [85, 86], who 
suggested that matrix plasticity may account for a reduction in radial clamping during 
pushout testing of a SiC/^-Ti system. However, they gave no explanation of how this may 
occur.) 

In the sapphire/TiAl system, where fiber roughness/asperities will not "wear" as 
readily, it is suggested that matrix plasticity plays a dominant role in the observed decrease 
in T s ijd e . For example, a decrease in the constant friction term (x 0 ) may occur by wide¬ 
spread grooving of the matrix during continued fiber displacement as previously shown in 
Figures 48, 50, and 51, and not by fiber asperity wear. Thus, during continued fiber 
displacement, the fiber roughness perceived hv the matrix decreases as the deformation- 
induced grooving increases. This effect should be most pronounced when the fiber is 
pushed-back in the reverse direction. In this case, the asperities are accommodated in the 
grooves formed during the forward push. As a result, the stress required to resume fiber 
displacement in the reverse direction is smaller than the sliding stress measured when the 
forward pushout test was stopped (i.e., see Figure 59). 

Matrix plastic deformation during large-scale fiber displacement may also give rise 
to the relaxation of radial clamping on the Fiber. However, in order to relieve fiber/matrix 
misfit strain, material must be removed from the interface [86]. By adapting the elasticity 
solution for internal pressure within a cylinder, Kantzos [90] used the following expression 
to calculate the thickness (t') of a concentric cylinder of material that must be removed from 
around the fiber in order to fully relax the residual radial clamping stress (<%): 







169 


t = a r 


R(l + v m ) 


v f ’ J + 


'l-v"^ 

1 + v" 


v f ‘-i 


(23) 


where R is the fiber's radius, Vf is the fiber volume fraction, v m is the Poisson’s ratio of 
the matrix, and E m is the matrix's elastic modulus. By substituting the appropriate values 
for the sapphire/TiAl system (i.e., see section 4.3.3) into equation (23) and solving for t’, 
this solution predicts that only a 0.10 to 0.12 pm thick concentric cylinder of matrix 
material must be removed from the interface in order to fully relax radial clamping on the 
fiber. 

Experimental evidence previously shown in Figure 52a suggests that fiber asperities 
in the sapphire/Ti-48-2-2 system remove matrix material from the interface during fiber 
pushout. It appears that this material remains adhered to the pushed-out fiber surface. This 
may account for the rapid decrease in ^slide during forward fiber displacement shown in 

Figure 59 for this system, since only a relatively small amount of matrix material must be 
removed to relax the radial clamping stress. In contrast, an examination of the backface of 
Ta-coated sapphire/Ti-48-1 specimens reveals that very little matrix material appears to 
remain on the fiber during fiber pushout (i.c., see Figure 52b). This is consistent with the 
observation that T s ijde appears to decrease less rapidly during the initial forward push in 

the Ta-coated sapphire/Ti-48-1 system. (This observation was made when the sliding 
stress response of 2 out of a total of 3 large-scale fiber pushout tests of the Ta-coated 
sapphire/Ti-48-1 system was compared to that of 2 similar tests of the sapphire/Ti-48-2-2 
system.) 










170 


Evidence that matrix material is removed from the interface during reverse push- 
back testing was previously shown in Figures 51a and b. These figures reveal that, as the 
fiber is pushed back in the reverse direction, matrix material is plowed out in front of it. 
Furthermore, close examination of Figure 51a shows that the continuous ribbons of 
material plowed out of the Ti-48-2-2 matrix are at least 0.1 |im thick. Thus, the measured 
decrease in T s ii(j e during reverse push-back testing can be directly related to the resulting 

relaxation of radial clamping on the fiber. 

Another distinctive feature of the stress versus cross-head displacement response 
during the reverse push-back test shown in Figure 59 is the abrupt stress increase as the 
fiber is pushed back beyond its original position (i.e., the "origin"). In CMCs, however, 
"fiber reseating" is manifested by a distinct load (or stress) drop . Assuming that the fiber 
and matrix deform in a purely elastic manner, Jero et al. [65,66] have given the following 
explanation for the fiber reseating phenomenon in CMCs: The translation of initially 
mating rough surfaces results in a radial displacement of the matrix equal to the amplitude 
of the fiber roughness [67]. This elastic displacement results in a compressive stress that 
adds to the existing radial clamping and subsequently increases Xslide- When the fiber is 

pushed back to its original position, the fiber and matrix surface topographies mesh, and 
the additional sliding friction associated with their misfit disappears (resulting in a load 
drop in the load-displacement response) [65]. 

In EMCs (and MMCs), however, the matrix deforms elastically and plastically 
during fiber sliding. From the data presented in the papers by Warren et al. (SiC/^-Ti 
alloy) [86], Kantzos et al. (SiC/Ti-24AMlNb) [87], and Eldridge (SiC/Ti-24Al-l INb) 
[88], fiber reseating is manifested by a distinct load increase, as it is in this study. The 
distinctively different behavior found between CMCs and IMCs (as well as MMCs) can be 
attributed to the manner in which the matrix deforms to accommodate asperities on the fiber 
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surface during large-scale fiber displacement In IMCs (and MMCs), fiber displacement 
requires matrix plasticity in the form of grooves to accommodate the fiber asperities, not 
elastic radial displacement as in the case of CMCs. When the fiber is pushed back to its 
original position, the asperities on the fiber surface, which had been accommodated in the 
grooves formed during the forward push, must now form new grooves in the matrix in 
order for continued fiber displacement to occur. Thus, as shown in Figure 59, fiber 
reseating is manifested by a temporary pause in fiber displacement as the interfacial shear 
stress increases to the magnitude required to form new grooves in the matrix. By 
comparing the slope of the stress versus displacement plot at fiber reseating with that before 
large-scale fiber displacement resumes (i.e., during the reverse push), it is evident that fiber 
displacement temporarily stops at the fiber's origin until sufficient stress is applied to re¬ 
initiate the grooving operation. 

Finally, it was found that with increasing amounts of fiber displacement during 
forward pushout, the load increase at fiber reseating decreases. In fact, for fibers that 
undergo displacements >120 pm (during the forward push), evidence of fiber reseating 
disappears. The same explanation given for the decrease in the constant friction term (x 0 ) 

during continued fiber displacement can be given for these observations: Grooving of the 
matrix becomes more wide-spread as fiber displacement increases. Thus, after large fiber 
displacements during the forward push, so much deformation-induced groc ring of the 
matrix occurs that the fiber roughness perceived bv the matrix becomes negligible. As a 
result, little or no additional stress is required for the fiber to be pushed back beyond its 
original position. Similar behavior during reverse push-back tests of a SiC-reinforced p-Ti 
composite has been reported by Mackin [89] for fibers displaced >60 pm during the 
forward push and Warren et al. [86] for specimens previously subjected to cyclic fatigue. 
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Chapter 5 
SUMMARY 

Interfacial shear behavior and its influence on fiber damage in sapphire fiber- 
reinforced TiAl composites was investigated using a combination of microscopic 
characterization, indentation crack growth results, thin-slice fiber pushout testing, fiber 
displacement measurements, and computational stress state analysis. Due to the nature of 
this investigation, results are separated into two, but inter-related, parts: (1) residual 
stresses and resulting damage within fibers intersecting a free surface and (2) fiber/matrix 
interfacial strength behavior. 

The first part of this investigation was initiated by the observation that specimens of 
uncoated sapphire/Ti-48-1 contained fibers with cracks at their ends, regardless of the 
cross-sectioning or specimen preparation technique used. Crack depth measurements 
showed that incrementally removing the matrix by chemical etching caused the surface 
cracks to propagate, resulting in "split" fibers. On the other hand, fibers in the Ta-coated 
sapphire/Ti-48-1 and sapphire/Ti-48-2-2 systems did not contain cracks when they 
intersected a free surface. 

Finite element and analytical analyses were performed to predict the thermally- 
induced residual stress states within a fiber intersecting a free surface for two different 
orientations: (1) the fiber axis normal to the surface and (2) the fiber axis parallel to the 
surface. Assuming a perfectly bonded fiber/matrix interface, both analyses predict that 
significant residual tensile stresses exist in sapphire fibers embedded within TiAl-based 
matrices when they intersect a free surface. Given a fiber of low fracture toughness, a high 
interfacial shear strength, and the presence of a surface flaw or crack, the computations 
suggest that the thermally-induced tensile stresses within the fiber may propagate the flaw 
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or crack to a length dictated by the stress state and fracture toughness. Furthermore, 
subsequent removal of the matrix will cause the crack to propagate as the free surface and 
stress state are spatially displaced. Indentation crack growth behavior within the sapphire 
fibers (1) provided experimental verification of the FEM predicted stress state and (2) 
indicated that smaller thermally-induced residual stresses exist within fibers in the Ta- 
coated sapphire/Ti-48-1 and sapphire/Ti-48-2-2 systems than are predicted for a perfectly 
bonded sapphire-reinforced TiAl composite. Regardless of the orientation of a fiber with 
respect to a free surface, the results indicate that compliant fiber coatings (as in the Ta- 
coated sapphire/Ti-48-1 system) or a decreased interfacial shear strength (as in the 
sapphire/Ti-48-2-2 system) can decrease the thermally-induced tensile stresses and reduce 
or eliminate fiber damage. 

The interfacial shear behavior was examined using thin-slice fiber pushout testing. 
The results (from specimens supported over a hole =1.6 times that of the fiber diameter) 
show that the Ta-coated sapphire/Ti-48-1 system had an average interfacial shear strength 
of 336.3 ± 11.2 MPa. However, in the sapphire/Ti-48-2-2 system, a much lower value, 
170.5 ± 22.3 MPa, was measured. Since Fibers in specimens of uncoated sapphire/Ti-48-1 
were cracked, testing of this system was impossible. 

Regardless of the significant difference in measured shear strengths, a comparison 
of the interfacial failure sequences in these two systems revealed several important 
similarities. First, interfacial failure was found to initiate at the specimen’s backface, 
opposite the indenter. This is a significant observation since conventional analyses of the 
fiber pushout test assume that interface shear initiates near the topface (i.e., near the 
indenter). However, examination of the FEM predicted stress distribution along the 
fiber/matrix interface reveals that the ngi interfacia] shear stress is actually larger at the 
specimen's backface than at the topface. Therefore, as a result of the thin-slice geometry of 
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the specimen and magnitude of the thermally-induced residual stresses, the overall 
interfacial stress state dictates that interfacial failure should initiate on the backface. 
Furthermore, quantitative estimates suggest that the backface debond crack may propagate 
over half of the total distance up along the fiber/matrix interface before shear displacement 
initiates at the topface. 

Differences in the sequences leading to interfacial failure do exist between the two 
systems. These differences can be directly attributed to the interface bond strength/fracture 
resistance of each system. In the Ta-coated sapphire/Ti-48-1 system, which appears to 
have a "high" bond strength, the interface debond crack does not encompass the entire 
perimeter of the fiber. Instead, it deviates into the matrix on the backface and into the fiber 
on the topface, leaving behind a fiber fragment adhering to the matrix following pushout. 
Even at loads approaching P max , approximately 40% of the fiber's perimeter remains 

bonded along its entire length. Complete debond is accompanied by a large load-drop 
which indicates that a significant amount of elastic strain energy was required to propagate 
an interface crack and completely debond the interface. 

In the sapphire/Ti-48-2-2 system, however, the debond crack initiates at the 
backface at a much lower load and quickly propagates around the fiber's entire perimeter. 
At loads greater than P' (where P' = 0.7 P max ), the fiber becomes debonded along its 

entire length and topface fiber displacement initiates. Subsequent stable displacement (i.e., 
< 1.5 to 2.0 pm) of the debonded fiber occurs with increasing load up to P ma x- Given the 

very rough fiber surface in this system, it is suggested that fiber surface asperities prevent 
large-scale fiber displacement until plastic deformation occurs in the layer of material 
through which the asperities are "plowed.” The transition from fiber debond to fiber 
sliding is a nearly continuous process as evidenced by little or no load-drop at the onset of 
large-scale fiber displacement. 
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Results from previous studies suggest that specimen bending during thin-slice fiber 
pushout testing may create interfacial failure sequences that are test dependent and result in 
lower measured interfacial shear strength values [68]. Therefore, to determine the 
influence of specimen bending, comparative tests were performed using either (1) a support 
hole-to-fiber diameter ratio of =1.6 or (2) a support hole the same size and shape as the 
fiber's cross-section. A significant result is that the interfacial failure sequence in both 
composite systems appears to be unaffected by specimen bending. Furthermore, the 
measured values of the average interfacial shear strength at P’ and P max were actually 

lowered (especially at P') in the Ta-coated sapphire/Ti-48-1 system and unchanged in the 
sapphire/Ti-48-2-2 system when bending-induced stresses were eliminated. FEM 
computations indicate that using a support hole the same size and shape as the fiber's cross- 
section eliminates radial tensile stresses at the specimen's backface, but also increases the 
interfacial shear stress near the top and, more notably, at the backface. In view of the 
experimental results, this suggests that the criterion for interfacial shear during thin-slice 
fiber pushout testing is: (1) based on the critical value of the shear stress along the interface 
[123] and (2) not particularly sensitive to the development of bending-induced radial tensile 
stresses. 

Finally, results from fiber p ishout and reverse push-back tests were used to 
address the contribution of matrix plasticity to the "frictional" sliding resistance of 
debonded fibers and its role in interface wear/degradation. It was found that the large-scale 
sliding behavior of debonded fibers was similar in both composite systems and resulted in 
"frictional" sliding stress (i.e.,T s ijde) values of =160 MPa immediately following load- 

drop; these subsequently decreased to values ranging from 50 to 80 MPa following fiber 
displacements totalling =180 pm. Previous studies have attributed the decrease in i s iid c to 

the fracture and wear of fiber asperities [85-87], However, given an IMC (or MMC) in 












176 


which fiber asperities do not easily wear (e.g., the sapphire/TiAl system), it is shown that 
matrix plasticity plays a dominant role in the decrease of t s jid e with fiber displacement. 
Experimental evidence suggests that the observed decrease in T s ]ide can be attributed to (1) 
a decrease in fiber roughness perceived by the matrix due to wide-spread matrix grooving 
and (2) a relaxation of radial clamping as a result of material removal from the interface. 
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